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ABSTRACT

As metallic multilayers exhibit large surface area-to-volume ratios, their physical and
chemical properties can be size dependent. These size dependent changes facilitate both
crystallographic phase transformations as well as alternations in deformation mechanisms. These
topics were studied using a series of Cu based thin film architectures, where Cu was deposited
between either crystalline phases, i.e. Nb or V for phase stability studies, or glassy phase, i.e.
CuassZrss, for deformation studies. The phase stability of all the layers were monitored through
real time stress measurements during the growth of the films coupled with post growth
characterization methods including X-ray diffraction (XRD), transmission electron microscopy
(TEM), and atom probe tomography (APT). Face centered cubic (fcc) phase transformation was
detected in both multilayered systems, explained by the reduction of interfacial energy. An
additional vitrification phase transformation was observed in the crystalline and Cu/Nb system
owing to clusters formations at the interfaces. For the in situ deformation studies, the crystalline
Cu/ amorphous CussZrss multilayers were studied by indentation and high cycle fatigue in the
TEM. Precession electron diffraction (PED) quantified the grain size, grain misorientation and
texture. Grain rotation, facilitated by the free surface of the TEM foil, and grain growth, were

observed to be primary deformation mechanisms in the crystalline layers of the multilayers.
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CHAPTER 1
INTRODUCTION
1.1 Motivation

Materials science and engineering is often described as an interconnected triad between
structure, processing, and properties. Research is often focused on how each of these three areas
relates to the others. Over the past several decades, many of these connections have been made at
the micro-length scale, where the microstructure of a material was studied in terms of how it was
processed and/or its properties. This research aims at continuing these types of studies, but at a
much smaller length scale, i.e. the nanometer regime. As materials are reduced in size to the
nanometer regime, grain boundaries and interfaces will play a more important role than the large
grain materials, which might induce the formation of metastable phases or a transition of
deformation mechanisms. By bridging the nanostructure-property behavior, a more complete
understanding of materials can be achieved.

This dissertation will mainly focus on interfacial effects in nanostructured materials with
multilayered architecture by dividing into two topics — phase stability and mechanical behavior.
In the former topic, i.e. phase transformations, the research will develop a series of experiments
on the selected multilayered thin films that will quantify how interfacial, strain, and volumetric
energies compete with each other to stabilize a specific phase at a specific nanometer thickness.
The research will address the following questions:

1. At what length scales does phase change in metallic multilayers? What role does

interfacial stress play in such stabilization?



2. Can predictive phase diagrams, where length becomes a state variable, be constructed
to predict phase transformations?

3. What is the extent of intermixing between interfaces? How does this intermixing
change the energies of phase stability? What are the driving forces for intermixing?

4. For materials that have a bulk positive enthalpy of mixing, can intermixing exist at the
nanometer scale?

Using a series of multilayered materials, where the volume of the phase can be precisely
controlled by the layer thickness, along with the interfacial energy regulated by the layers above
and below this layer, these questions will be addressed.

The deformation studies will then expand from the phase transformation studies. As will
be shown in the phase stability chapter, in some of these multilayers, one of the phases can
vitrify. In such a nanostructure, the deformation behavior will be altered. How these changes
alter the deformation mechanisms will be explored by answering the following questions:

1. In a two phase crystalline-glassy multilayer, how does deformation transfer between
the different phases? In particular, crystalline materials deform by dislocations and glassy
materials deform by shear bands. In a multilayer where a phase becomes either crystalline or
glassy, how does co-deformation occur?

2. How does deformation behavior change as a function of length scale of the individual
layers and their constituent phase?

3. What are the mechanical responses of the material (hardness) as a function of loading
conditions (monotonic indentation comparing to compression-compression fatigue)?

With the help of an in situ mechanical testing system, both real-time transmission

electron microscope (TEM) bright field images and corresponding load-displacement data can be



recorded during the test. In addition, precession electron diffraction (PED) analysis will be
introduced and a correlated in situ straining-PED technique will be developed to provide
statistically information of the deformation induced grain size, grain boundary misorientation,
and texture changes. By analyzing the microstructure evolution of the multilayers during the
mechanical tests, the deformation mechanisms can be acquired, further providing the answers to

these mechanical problems.

1.2 Phase Stability in Multilayered Thin Films
1.2.1 Phase transformation in nanoscale

Multilayered thin films are widely applied in magnetic materials [1], high mechanical
hardness coatings [2], semiconductor and solar cell devices [3, 4], and radiation damage resistant
surfaces [5-7]. Many of the applications listed above are generally based on the properties of
specific crystal structures, chemical compositions, and stress states of the thin films that
comprise the multilayers. For example, some materials in a memory device will undergo a
structural transformation between amorphous and crystalline phases under the influence of an
electrical stimulant as shown in Fig. 1.1 [8]. Alternately, crystalline-crystalline phase
transformations are also reported when individual layers within the multilayer are at finer
nanometer length scales. For example, in the giant magneto-resistance Co/Cr multilayers, Boher
et al. [9] reported a change from hexagonal close packed (hcp) to body centered cubic (bcc) Co
when 1.5 nm thick Co layers were deposited between 198.5 nm thick Cr layers. In contrast,
Vavra et al. [10] reported a bcc-to-hep Cr phase transformation (not a Co transition) when the
thickness of Co and Cr layers were 2 nm and 0.6 nm respectively. Other metallic multilayers

have also shown similar transformations in both layers. In Cu/Nb, Kung et al. [11] reported a



transformation from face centered cubic (fcc) Cu to becec Cu when Cu’s layer thickness was less
than 1.2 nm while others have reported a bcc-to-fcc Nb transformation in the same Cu/Nb
multilayers [12]. In the Zr/Nb system, both hcp-to-bcc Zr and bec-to-hcp Nb transformations

have also been reported [13].

Reset

Set

Structure

‘

Time

Voltage

Resistance

Fig. 1.1 The operation principle of a memory device. It is based on phase transformation
between amorphous and crystalline phase.

1.2.2 Approaches to predict phase stability in multilayers

Even though phase transformation in nanoscale has been widely detected in precipitates
in both bulk alloys and nanomaterial [14-16], multilayered thin films are an ideal architecture to
achieve a systematic study of the metastable phase formations in nanoscale. This is because in
multilayered thin films one can have a fixed surface area over the substrate and simply changing
the thickness precisely controls the volume. Thus, changes in atomic layer thicknesses provide
the ability to systematically probe volumetric-to-surface energy balances as well as strain energy
contributions that scale with volume. Moreover, a multilayer provides control of two (or more)
different material volumes in contact with each other where the changes in the interface can be

4



accommodated by either epitaxial orientation relationships and/or different volume fractions that
regulate the mechanical responses in each of the layers. By tailoring individual layer thicknesses,
the structural and chemical properties at these interfaces can then be easily modified and studied
with respect to how phase stability changes in the layers [13, 17-22]. In addition, thin films often
develop significant residual stresses during deposition that exceed the elastic limits for their bulk
counterparts [23-27]. This adds another interesting variable that can also influence the phase
stability of each material.

To explain such phase transformations, researchers have proposed both strain induced
[28, 29] and thermodynamic concepts [13, 17, 19, 20, 30]. The former framework considers the
change in phase to raise the energy of the crystal, but, at a specific strain value, the lattice can
relax to a lower energy, metastable phase as compared to the non-strained lattice phase which is
similar to martensite formation in steels. The metastable phase is a different phase than the bulk
phase and is at a local energy minimum but high than the energy of the bulk phase [31]. For
example, the fcc to bec transformation of Cu has been detected and explained through a
diffusionless Bain strain phase transformation [32]. This mechanism is shown in Fig. 1.2, with a
compressive strain on the [001] axis; the fcc grains undergo a martensitic transformation to form
bee (if a = b = ¢ after transition) or bct (a = b # ¢ after transition). As the volume or thickness of
the film reduced, the material becomes more susceptible to be affected by the strain caused from
lattice mismatch against a substrate layer. Therefore, this strain based approach can be applied to
predict a potential phase transformation of a very thin layer deposited on a relatively thick
substrate.

In the thermodynamic perspective, the transformed phase is considered to be in its lowest

energy configuration based on a balance of interfacial and volumetric energy considerations.



Using these two thermodynamic terms (i.e., volumetric and interfacial energies), Dregia et al.
proposed a phase diagram, termed a biphase diagram, that could predict the phase change in
multilayered thin films as a competition between these two terms and the thickness of the layer
pairs. Here, the total Gibbs free energy change between the two phases, AG, was normalized by
the fixed surface area of the film and redefined as Ag. Any increase in the normalized volumetric
energy must be off-set by the reduction in the interfacial energy, Ay, between the two phases.
The Ag for any transformation is then written explicitly as

AQ =2Ay + AG,f A+ AG,(1-f;)A4 (1.2)
where fg is the volume fraction of layer B, A is the bilayer thickness or the sum of the individual
thicknesses of an A and B layer pair, and AG; is the volumetric free energy change per unit
volume of A or B. In this model, transformations in either layer can then be predicted depending
on their thickness, which is simply the volume fraction of that element multiplied by A. Once a
layer is sufficiently thin, the change in interfacial energy reduction can become sufficient to
offset the volumetric energy increase for such a transformation. This model has been used to
construct a phase stability diagram to predict Zr/Nb multilayers [13, 19] in Fig. 1.3. It was also
successfully applied to Ti/Al [30], Ti/Nb [22], and most recently to Cu/Nb [18] and Cu/V [33]

systems.

Fig. 1. 2. Schematic of Bain strain induced martensitic transformation in fcc Cu. As a
compressive force is applied along the [001] direction, the atoms (highlighted in blue) shown in
the fcc Cu will eventually form a bee/bet structure.

6
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Fig. 1.3. A predicted phase stability diagram. It is based on ref. [19] and an experimental
determined phase stability diagram [13] of Nb/Zr multilayers.

1.3 Stress in Multilayered Thin Films
1.3.1 Origins of stress in thin films

When a thin film grows on a substrate or underlayer film, intrinsic stresses are always
generated. Fig. 1.4 provides a schematic figure of the generic stress evolution during thin film
growth. During the deposition process, most films will undergo an initial compressive stress
response that is associated with Laplacian stresses from the atomic-scale migration of adatoms
into embryonic islands [34]. Once the islands have formed, tensile stresses are generated as each
island elastically strains towards the other to minimize surface/boundary energies [26].
Subsequent stresses will then become either tensile, if the adatoms have lower mobility on the
surface, or compressive if the adatoms have higher mobility on the surface. In general, low
mobility elements include V, Fe and Cr [33, 35] whereas higher mobility elements include Cu,
Nb and Ti [18, 22]. Changes in processing, such as deposition temperature, deposition rate, and

chamber pressure can modify these mobility behaviors.
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1.3.2 Stress assisted phase transformation in multilayers.

As mentioned before, residual strain is known to exist in the thin films, and will induce

phase transformations such as the Bain transition [28, 29]. Thompson et al. [19] have reported

how Equation (1.1) can be modified to account for strain-based effects in the thermodynamic

equation. Equation (1.2) is a reformulation of those effects for the multilayer.

Ag = 2Ay +[AG,f, + AG, (1-f;) +Ym’]1A

(1.2)

where Y is biaxial elastic modulus related with Young's modulus and Poisson’s ratio of the film

and mo is the natural misfit which equals the sum of strain (absolute value) in A layer and B

layer at their interface [19].



Wan et al. [22] have recently discussed the relationship between phase stability and in
situ growth stresses in the growth of Ti/Nb multilayered thin films. Based on their results, the
growth stresses affected both the phase transformation as well as the interfacial intermixing. The
bcc Ti phase was stabilized by a significant interdiffusion of Nb atoms (~20 at%) into the Ti
layers. This intermixing was caused by differences in the surface free energy of Ti and Nb where
the lower surface energy adatom migrated itself to the surface during growth and became
encased in the other layer. In another case of phase transformation and its related growth
stresses, the authors here reported semi-coherent to coherent interfacial structure changes that
accompanied various fcc-to-bcc and bee-to-fec transformations in Cu and Nb respectively. These
changes in the interfacial structure were associated with the phase of each layer being modified
by the stress behavior between the different multilayered films [18]. Furthermore, when the layer
thicknesses were sufficiently thin in Cu/NDb, the multilayer even vitrified indicating yet another
phase stability region in these films [18]. More recently, a fcc-to-bcc Cu phase transformation
was reported in Cu/V multilayers with a recovery of tensile growth stress upon phase
transformation due to semi-coherent to coherent interfacial structure changes, with asymmetric

intermixing across the interfaces to lower the energy penalty [33].

1.4 Deformation Responses of Nanocrystalline and Amorphous Materials
1.4.1 Deformation of crystalline/crystalline multilayered thin films

In bulk crystalline materials, the deformation responses are always satisfy the Hall-Petch
relationship [36, 37]. When the materials’ grain size is reduced below 100 nm, the Hall-Petch
relationship will break down. The dislocation based deformation mechanisms will be weakened

due to a limited space between grain boundaries and the deformation can be accomplished by



grain boundary mitigated plasticity. During deforming nanocrystalline materials, grain rotation,
grain boundary migration, as well as grain boundary sliding have been reported at room or even
cryogenic temperatures [38-46]. A similar phenomenon was also observed in multilayered thin
films. Misra et. al. [47] discussed different dislocation mechanisms as a function of length scale
in Cu—Nb multilayers. The mechanisms are schematically illustrated in Fig. 1.5 for the general
case of metallic multilayers. The Hall-Petch model fits the data well at h > 100 nm indicating the
present of a dislocation pile-ups in the multilayers. Upon further reducing the layer thickness, the
Hall-Petch model over-estimates the strength. The glide of single dislocation were confined to
individual layers. A new model created by Misra et. al., the confined layer slip, fits the
experimental data well in the layer thickness range of 5-100 nm [47]. But at smaller h, the model
predicts an increase in strength with decreasing h whereas the experimental data indicate
saturation at a peak value of ~2.6 GPa. Interface cutting across interfaces at a characteristic
interface barrier strength, which for Cu—Nb is on the order of 2.6 GPa, is the operative
mechanism. The interface barrier strength is largely independent of the layer thickness but may

drop at h <1 nm when the dislocation core dimension is on the order of h.

Interface Crossing
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Fig. 1.5. Schematic illustration of the dislocation mechanisms of multilayer strength (operative at
different length scale).
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1.4.2 Deformation of crystalline/amorphous multilayered thin films

Amorphous materials exhibited prominent mechanical properties [48], as well as
excellent corrosion resistant [49] which makes them a perfect coating materials. However, their
limited ductility may yield catastrophic failure when suffering a stress higher than the linear
elastic stress [50]. Researchers attributed such limited plastic deformation to shear bands
formation in amorphous materials and nucleation of shear band has been explained by shear
transition zones (STZs) in nanoscale [51, 52]. The propagation of shear bands in amorphous
materials are extremely fast, usually in several millimeter per second. Therefore, finding a way
to slow down their propagation is the key to improve the plastic properties of metallic glasses.
To date, incorporating crystalline phases into metallic glasses is one of the approaches to acquire
a combined strength-ductility amorphous based composite. Hofmann et. al. tried to use a heat
treatment to precipitate crystalline phase material into their Zr-Ti based bulk metallic glass
matrix [53], while others tried to fabricated some bulk crystalline-amorphous materials by
mechanical alloying [54]. Both of these methods showed significant improvements of ductility
comparing to the pure amorphous samples.

To understand the deformation mechanisms of the crystalline/amorphous (C/A)
compounds, multilayered thin films are an ideal architecture due to an easily controllable phase
content by changing the individual layer thickness. The inter-phase spacing can be easily
modified at the same time. In addition, by utilizing a multilayered architecture, a periodically
repeated C/A interfaces can be fabricated. Therefore, the effects of intrinsic size/thickness and
C/A interfaces’ on the plasticity mechanisms can be systematically studied.

Over the past decade, both ex situ/in situ mechanical tests were performed on the C/A

nanolaminates and a variety of microstructural deformation responses were observed in not only
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scanning electron microscopes (SEMs) but also transmission electron microscopes (TEMs) [55,
56]. Chou et al. [57] performed some in situ SEM pillar compression tests on amorphous
ZrCuTi/crystalline Ta multilayers with fixed amorphous layer thickness and varying crystalline
thickness. A combined high strength and some plastic flow behavior was present at a specific Ta
layer thickness pillars where shear banding was hindered by the C/A interfaces and crystalline
layers. Later, Knorr et al. [58] performed both nanoindentation and pillar compression tests on
their Cu/PdSi crystalline/amorphous nanolaminate and the microstructure evolution was
analyzed by combined SEM and TEM. In their study, C/A interfaces were reported to play
important roles in improving strength and ductility of the C/A nanolaminates, by blocking
dislocation to generate high stress in Cu layers and homogeneously diffusing the stress
concentrations to the stronger amorphous layers [58]. In addition, an increase in hardness, a
transformed fracture mechanism, and an enhancement in critical scratching loading were
detected in some nitride C/A multilayers which can also be attributed to the C/A interfaces [59].
A similar phenomenon was also observed in the amorphous CuZr/crystalline Cu
nanolaminates in which the dislocation propagated in Cu layer were absorbed at the C/A
interfaces and self-toughening was then achieved [60]. A systematic study was done on the CuZr
(amorphous)/Cu (crystalline) nanolaminates with varying Cu layer thickness to understand the
deformation mechanisms of the C/A multilayers [61]. The ex situ nanoindentation and in situ
SEM pillar compression tests further proved three main deformation responses, which are shear
banding dominant deformation in nanolaminate with thin Cu layer, plastic codeformation with
medium Cu layer thickness, and dislocation dominant mechanism in Cu thick multilayer [61].
This deformation mechanisms’ transition was also discussed in other researchers’ works [62, 63].

Later, a follow-up work by Cui et al. [64] was performed on the same CuZr/Cu system but with
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varying amorphous layer thickness. They claimed that shear bands are initiated in the glassy

layer at the C/A interfaces, attributed to accumulation of Cu layer’s glide dislocations on the

[111] plane [64].

1.5 Dissertation Layout

This dissertation consists eight chapters. Chapter 1 provides an introduction of the phase
and deformation stability of multilayered thin films in nanoscale. Approaches to predict phase
stability and the deformation responses of both crystalline/crystalline and crystalline/amorphous
multilayers have been reviewed. A brief overview of experimental methods is presented.

Chapter 2 deliberates the experimental details of both phase and deformation stabilities of
multilayered thin films. The system selection criteria is briefly described followed by the
fabrication method. Then a detailed description of the characterization method is introduced
including X-ray technique, TEM/atom probe tomography (APT) sample preparation and
characterization. The in situ technique is also discussed including sample preparation and
mechanical testing conditions.

Chapter 3 discusses the phase stability of Cu/Nb multilayers with different Nb volume
fractions and bilayer thickness. Phase transformations occur in both Cu and Nb layers, with an
additional amorphous transition at specific thickness and composition. All of the phases are
confirmed by both X-ray diffraction (XRD) and TEM, and the phase stability diagram is
constructed. The intrinsic growth stress is related to the phase and interfacial structural/chemical
changes characterized by TEM and APT. A molecular dynamic model was found helpful in

explaining the experimental findings of intrinsic growth stresses.

13



Chapter 4 aims to study follow-up phase stability research by studying Cu/V multilayer,
because V has different lattice parameter and intrinsic growth stress comparing to Nb. And such
difference have an effect on the interfacial structure evolution and phase transformation. By
using high resolution-TEM, the change of interfacial structure from semicoherent-to-coherent
with stacking faults-to-perfect coherent was observed. A further asymmetrical intermixing were
detected by APT.

Chapter 5 is mainly focused on applying the correlated in situ nanoindentation-PED
technique to study the deformation of polycrystalline Cu films.

Chapter 6 talks about the indentation responses of Cu/CuZr C/A multilayers with
constant glassy layer thickness and varying Cu layer thickness. The deformation of both
multilayers were dominated by the plastic deformation in Cu layers, including a dislocation-grain
boundary plasticity in the crystalline/amorphous multilayers with thicker Cu layers and a grain
sliding/rotation plasticity in the multilayer with thinner Cu layer. This demonstrates that
plasticity in the crystalline phase helps to mitigate the shear bands and improve the ductility of
the amorphous matrix.

Chapter 7 is a study of cyclic loading responses of Cu/CuZr C/A multilayers. During
fatigue tests, Cu layers underwent a combined dislocation and grain boundary plasticity and the
CuassZrss layers were elastically deformed; however, this microstructure evolution was regulated
by reducing the Cu layer thickness. In the Cu thin nanolaminate, a finer average grain size was
observed in Cu layer, which inhibited the dislocation plasticity of Cu grains, causing a co-plastic-

deformation under cyclic deformation.
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Chapter 8 concludes the previous chapters and highlights the key findings under the
frame of this dissertation. Possible directions related to the current progress of this research are
also given as the future work. Also, references are shown at the end of this chapter.

In Appendices, the details of how to run in situ mechanical testing using a PI-95 in situ
indenter are shown. A step-by-step procedure from sample installation to final mechanical
testing in TEM is described. The test running methods of both monotonic tensile/compression,
low cycle fatigue, and high cycle fatigue tests are also elucidated under different feedback
modes. In the second part, a PED ambiguity artifact is discussed and the clean-up procedure is

discussed.
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CHAPTER 2
EXPERIMENTAL DETAILS
2.1 System Selection and Sample Fabrication

To address the phase stability, metallic Cu/Nb and Cu/V multilayers were employed at a
variety of individual layer thicknesses because they are both immiscible systems with two
different BCC templates (lattice matching). By being immiscible, one may not necessarily expect
intermixing that could provide a chemical driving force for promoting a phase change. Thus,
these surfaces provide a template where lattice strain on the phase transformation may more
readily be determined.

Before studying the deformation stability, elemental Cu film was selected to develop the
correlated in situ nanoindentation-PED technique. Then, the deformation response of elemental
Cu film in the multilayer will be studied by confining it between two glassy phases. By changing
the length scale of each of these layers, one will be able to determine the mechanisms of
deformation. For example, at very small length scales, crystalline materials are known to shear
rather than plastically deformed. Thus, by using a multilayer where the Cu layer thickness is
varied, one can see how shearing versus plasticity is accommodated. To grow the amorphous
layer, the research will use Cu-Zr, an alloy that readily forms a glassy phase upon sputter
deposition.

All the films were sputter-deposited onto a {001} Si substrate in an AJA ATC-1500
sputtering chamber (Fig. 2.1) from elemental Cu, Nb, V, targets and a CussZrss (at.%) alloyed

target. By changing sputtering time, individual layer thickness can be modified. The pressure of
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the sputtering chamber was <1.33 x 10 Pa prior to sputtering and kept at 0.133 Pa during
sputtering when flowing the working gas — ultra high purity argon — into the chamber at a rate of
0.01 L/min. All the films were deposited at room temperature and their sputtering parameters
were maintained constant.

A k-Space Associates multi-beam optic sensor (MOS) was used to measure the in situ
growth stresses during deposition [1]. The stresses in these films were calculated based on the
substrate curvature changes using the Stoney equation [2] given as

_iﬁ l_i 2.1
T 6(1—vs)tf(R Roj 21)

where o is the film stress, Es is the Young’s modulus of the substrate, Vs is the Poisson’s ratio for
the substrate, ts is the substrate thickness, ts is the film thickness, and 1/Ro and 1/R are measured

curvatures of the film before and during/after deposition, respectively.

Sputtering guns
I

Fig. 2.1. The AJA ATC-1500 sputtering chamber with four sputtering guns. A MOS system is
also equipped in the bottom of the chamber.

22



2.2 Characterization of Thin Films
2.2.1 X-ray reflectivity and X-ray diffraction

Small angle X-ray reflectivity (XRR) was conducted on a Philips X pert diffractometer
with a Cu Ka source (4 = 0.154 nm) operated at 40 kV and 30 mA [3]. This diffraction measured
the final film thickness with the growth rate then computed by dividing that film thickness by its
growth time. WinGIXA was used to analyze the obtained XRR data. X-ray diffraction (XRD)
was performed in a Bragg Brentano arrangement using either a Philips X Pert MRP or a Bruker
D8 Diffractometer. The instruments used a Cu Ko source (4 = 0.154 nm) or Co Ka. source (4 =
0.179 nm) operated at 40 kV and 30 mA. The scans were collected at a continuous scan rate of

10%min with a 1D or 2D detector.

2.2.2 TEM sample preparation and characterization

Plan-view transmission electron microscopy (TEM) samples used for microstructure
quantification were prepared by cutting 3 mm discs from the film/substrates using an ultrasonic
cutter in a SiC aqueous slurry. The back-side of the 3 mm discs were then ground with SiC
metallographic paper to a thickness of ~100 um followed by dimpling a crater that resulted in the
substrate being <10 um using a 6 um diamond paste under a rotating wheel. The dimpled
samples were Ar ion-milled at 4.0 kV with a final ‘clean-up’ polish at 1 kV in a Gatan 691
precision ion polishing system (PIPS) until perforation. Cross-sectional TEM samples were also
prepared by an in situ lift-out procedure [4-7] using either a FEI Quanta 3D dual beam focus ion
beam (FIB)-scanning electron microscope (SEM) or a Tescan Lyra FIB-FESEM. A step down
ion current from 1.0 nA to 0.1 nA at 30 keV was used in the milling procedure. A final 5 keV

‘clean-up’ was performed at a beam current of 50 pA to remove any surface damage created by
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the ion milling [4]. The TEM foils were then imaged in a field emission FEI Tecnai G2 F20
Super-twin transmission electron microscope (TEM) operated at 200 keV and fitted with a
NanoMEGAS® ASTAR precession electron diffraction (PED) orientation identification
platform. Diffraction patterns and high resolution TEM (HRTEM) images were captured by a
SIA camera or a Gatan CCD camera, respectively.

PED was also performed to characterize the grain size, grain boundary misorientation,
texture, and phase identification mapping within the TEM [8-10]. PED, like EBSD, provides
similar microstructural information but now at spatial resolutions of approximately 5 nm and
larger. Precessing the transmitted electron diffraction beam yields a pseudo-kinematical intensity
while slicing through more of reciprocal space enabling more diffraction spots to be captured
which ultimately increases the indexing confidence. Using an off-line data analysis program, the
PED patterns are then analyzed to reveal the grain orientation. By serially scanning the
converged, precessed beam, a point-by-point map is generated where changes in orientation
yields EBSD-like data sets. To achieve a reasonable electron beam interaction volume and
maintain high spatial resolution of the PED scans, the precession angle was maintained at 0.1°-
0.3° [11] with a step size of 5 nm.

An artifact, 180° ambiguity, was always introduced during indexing of the PED patterns.
When performing PED scans on nanocrystalline materials, the diffraction signal is limited to low
Bragg angles to achieve a better spatial resolution. Such low precession angles will cause the
diffraction pattern with only zero order Laue zone (ZOLZ) which prevents the crystalline
orientation to be distinguished among two possible orientations, by a 180° rotation. Such an

artifact will then cause additional ‘boundaries’ with specific grain. Such ambiguity artifact can
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be detected by comparing two possible but with 180° different index value (Ir and I2) in INDEX

V2 software. Then, the ambiguity parameter Amb can be calculated,

Amb =100><(1—||—2J 2.2)

1
where safe Amb value = 100 and unsafe Amb value = 0. After the ambiguity has been detected,
its orientation information will be compared with its neighboring pixels, and additional
information extracted from them through MapView V2 by Ambiguity Resolver. The ambiguity

artifact will be either disabled or hidden after this ‘clean-up’ process.

2.2.3 APT sample preparation and characterization

For chemical analysis of the interfaces, as well as the bulk of the films, atom probe
tomography (APT) samples were prepared again using a FIB lift-out technique [6]. Annular
milling patterns of increasingly smaller inner and outer diameters were used to sharpen each tip
into the required needle-like geometry [4-6] using the aforementioned FIBs. As with the TEM
cross-sections, a 5 kV and 50 pA ‘cleaning’ step was employed to minimize any surface damage
created by the initial higher keV milling [4]. The APT experiments were carried out in a Cameca
Scientific Instruments LEAP 5000XS. Thermally assisted field evaporation was used with a A =
355 nm laser operated at 250 kHz with either 20 or 40 pJ-pulse™. The evaporation parameters
were controlled to maintain a constant evaporation rate of 0.005 ions per pulse. For all
measurements, the temperature of the samples were kept between a 30-40 K set point with a
chamber pressure <10® Pa. The APT datasets were reconstructed using the Cameca Scientific

Instruments IVAS 3.3.12 software package following procedures outlined in Ref. [12].
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2.3 In situ Mechanical Testing
2.3.1 In situ sample preparation

The thin films for deformation stability studies were fabricated by the sputtering method
mentioned in section 2.1. By using a Si wedge substrate, acquired from Bruker (PN#5-0922), the
film was grown directly on the edge of the wedge in a condition that made it directly electron
transparent. To further improve the electron transparency, we utilized focused ion beam milling
parallel to the wedge surface to create a more uniform and continuous transparent foil that was
10 pum in width x 2 um in height and < 100 nm in thickness from the surface of the film to the
substrate. This milling was achieved in a Tescan Lyra 3XM dual SEM-FIB following the
thinning procedure described in references [5-7]. Initial thinning was done at 30 keV with step
down ion currents from 0.1 nA to 0.03 nA. A subsequent low kV clean-up at 5 keV at a beam
current of 30 pA was done to remove any surface damage created by the Ga* implantation into
the sidewalls of the foil [4]. Once milled, the wedge/film was silver epoxy mounted to a custom

holder for attachment to a Bruker Picolndenter P1-95.

2.3.2 In situ indentation and fatigue testing

In situ indentation tests were performed inside the TEM using a Hysitron Picolndenter
P1-95 system. PED scans were performed on the tested area pre- and post-indentation to achieve
more quantifiable information such as grain size, grain misorientation, and texture changes. The
region of interest on the multilayers are deformed by a cube corner diamond tip controlled by
piezo-motor and MicroElectroMechanical Systems (MEMS) transducer as shown in Fig. 2.2.
The real-time force, displacement, and TEM bright field images were recorded during the

indentation. All of the nanoindentations were carried out under a displacement control mode with
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a constant rate of 1 nm/s until the overall displacement reached 100 nm. Unloading was then
performed with a speed of 1 nm/s until reaching the start point.

In situ fatigue tests of CussZrss/Cu multilayers were performed using a nanoscale Dynamic
Mechanical Analysis (nano-DMA) testing technique with a cube corner shaped indenter tip.
Similar to nanoindentation tests, PED scans on the cross-section thinned area of the samples
before and after indentation were applied to understand the cyclic loading induced microstructure
evolution in nanocrystalline phases. Cyclic loading tests were carried out under a load control
mode with a mean load at 20 uN and a load amplitude equal to 5 uN. The cyclic loading
frequency was 20 Hz and loading time of 1,000 seconds which provided an overall 20,000 cycles

on the samples.

CuysZrss/Cu multilayers

Diamond tip

FIB thinned area

Fig. 2.2. Schematic illustration of in situ deformation process on the CussZrss/Cu multilayers.
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CHAPTER 3

INFLUENCE OF PHASE STABILITY ON THE IN SITU GROWTH STRESSES IN CU/NB
MULTILAYERED FILMS
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3.1 Abstract

As the length scale of individual layers were reduced in a Cu/Nb multilayer, a face
centered cubic (fcc)-to-body centered cubic (bcc) and bee-to-fee transformations were noted for
Cu and Nb respectively. In addition, at equal fractions of Cu/Nb and at a very thin thickness, the
layers vitrified. These phase transformations have been modeled using a thermodynamic phase
diagram where strain, interfacial, and volumetric energy considerations were used to determine
the phase as a function of the bilayer thickness and volume fraction in the multilayer. Using
HRTEM, the evolution of the interface from semicoherent-to-coherent was observed as a
function of phase and bilayer spacing and is discussed in terms of the interfacial energy
contributions towards phase stability. The vitrification has been rationalized by the positive

enthalpy of mixing with clustering quantified by atom probe tomography between these two
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species. All of these phase transformations have been related to real-time, intrinsic growth stress
measurements. Upon phase transforming, a reduction in the compressive stress within all of the
multilayers were noted. The stabilization of bcc Cu appeared to have a dramatic effect on the
growth stresses of Nb that contributed to the compressive stress relaxation. This relaxation was
captured in a molecular dynamics simulation of the multilayers and is contributed to the change
in interfacial stress and stress distributions within the Cu layer. This demonstrates that phase

transformations provide a means to tailor film stress in nanolaminate materials.

3.2 Introduction

Multilayered thin films are widely applied in magnetic materials [1-3], high mechanical
hardness coatings [4, 5], semiconductor and solar cell devices [6, 7], and radiation damage
resistant surfaces [8-10]. Many of the applications listed above are generally based on the
properties of specific crystal structures, chemical compositions, and stress states of the thin films
that comprise the multilayers [11-26]. At finer nanometer length scales, these individual layers
within the multilayer can undergo a phase transformation. For example, in the giant magneto-
resistance Co/Cr multilayers, Boher et al. reported a change from hexagonal close packed (hcp)
to body centered cubic (bcc) Co when 1.5 nm thick Co layers were deposited between 198.5 nm
thick Cr layers [27]. In contrast, Vavra et al. reported a bce-to-hcp Cr phase transformation (not a
Co transition) when the thickness of Co and Cr layers were 2 nm and 0.6 nm respectively [28].
Other metallic multilayers have also shown similar transformations in both layers. In Cu/Nb,
Kung et al. [19] reported a transformation from face centered cubic (fcc) Cu to bcc Cu when

Cu’s layer thickness was less than 1.2 nm while others have reported a bee-to-fcc Nb
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transformation in the same Cu/Nb multilayers [29]. In the Zr/Nb system, both hcp-to-bcc Zr and
bcc-to-hcp Nb transformations have also been reported [30, 31].

To explain such phase transformations, researchers have proposed both strain induced
[16, 32, 33] and thermodynamic concepts [30, 31, 34, 35]. The former framework considers the
change in phase to raise the energy of the crystal, but at a specific strain value, the lattice can
relax to a lower energy, metastable phase as compared to the non-strained lattice phase. In the
thermodynamic prospective, the transformed phase is considered to be in its lowest energy
configuration based on a balance of interfacial and volumetric energy considerations. Using
these two thermodynamic terms (i.e., volumetric and interfacial energies), Dregia et al. proposed
a phase diagram, termed a biphase diagram, that could predict the phase change in multilayered
thin films [34, 36] as a competition between these two terms and the size of the layer pairs. Here,
the total Gibbs free energy change between the two phases, AG, was normalized by the fixed
surface area of the film and redefined as Ag. Any increase in the normalized volumetric energy
must be off-set by the reduction in the interfacial energy, Ay, between the two phases.

Using the Dregia et al. paper [34, 36] as a guide, we formulate its construction in terms of
Cu/Nb multilayers which will be the focus of this paper. The Ag for any transformation is then

written explicitly as

Ag =2Ay + AG,,f\, A+ AG,, (1-f,, )4 (3.1)
where fyp is the volume fraction of Nb, A is the bilayer thickness or the sum of the individual
thicknesses of a Cu and Nb layer pair, and AGi is the volumetric free energy change per unit

volume of Cu or Nb. In this model, transformations in either layer can then be predicted

dependent upon their thickness, which is simply the volume fraction of that element multiplied
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by A. Once a layer is sufficiently thin, the change in interfacial energy reduction can become
sufficient to offset the volumetric energy increase for such a transformation [30, 36].

From the prior reports for phase changes discussed above, we can now rationalize why
different groups report different transformations even in the same multilayer type. For example,
in the Co/Cr system, each group explored a different region of the phase space that depended on
the individual layer thickness (or volume fraction) within their bilayer. Using equation (1),
regions of phase stability in Cu or Nb can then be mapped out as a function of the reported fno
and the inverse bilayer thickness, 2™ [36]. The development of such a Cu/Nb phase map would
be of particular interest to a larger scientific community as this system has been shown to exhibit
excellent radiation damage control via their interfacial structure and number of interfaces, i.e.
layer pairs [9]. A phase map would then assist in the engineering of the bilayer thicknesses
where the optimal interfacial structure and phase is retained to ensure optimization of those and
well as other properties.

To initiate our hypothetical (predicted) Cu/Nb transformations, we have relied upon the
transformation as reported by Kung et al. [19]. Here, a fcc-to-bcc Cu transformation occurred at
afno = 0.5and A = 1.2 nm which has been plotted in Fig. 3.1. As noted above, others [29] have
also reported a transformation in Cu/Nb but their transformation was bcc-to-fcc Nb at the same
volume fraction fno = 0.5 and at a larger bilayer thickness of 4 = 20 nm. Since most stabilized
nanoscale transition in these types of multilayers have been in the one to few nanometer
thickness range, we believe the Kung et al. report would provide the most reasonable initial
guide. However, through this research, we will be able to verify if such a larger length scale
transformation does indeed occur for Nb.

The phase boundaries shown in Fig. 3.1 will have a slope given as
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A7, =2AG,, | (2Ay) (3.2)

based on equation (3.1). As the volume fraction of Nb decreases, the probability of a
transformation in Cu would become less likely; as a result we have placed such transformations
being divided by a dashed line in Fig. 1. In addition, strained Cu transformations are known to
exist, such as the Bain transition [37], which would cause the phase boundary to be curved (not
linear). Thompson et al. [30] have reported how equation (1) can be modified to account for such

strain-based effects. Equation (3) is a reformulation of those effects for the Cu/Nb multilayer.
Ag =20y +[AG f, +AG,, (1-f,) +Ym’]A (3.3)

where Y is biaxial elastic modulus related with Young’s modulus and Poisson’s ratio of
the film and mg is the natural misfit which equals the sum of strain (absolute value) in Cu layer
and Nb layer at their interface [30]. However, the lack of additional reported transformations for
either Nb-rich or Nb-lean volume fractions prevents us to know the potential extent of such a
curved boundary. Consequently, we will use the linear boundary as a first approximation.

Recent work by Wan et al. has shown the use of in situ stress measurements as a valuable
technique in understanding the strain development in a thin film multilayer that is undergoing a
phase transformation [38]. In that work, a series of equal layer thicknesses of Ti/Nb were
deposited and an initial tensile stress slope was noted to occur in Ti as it grew on Nb up to ~2
nm, whereupon it reverted to a compressive stress slope. This transition was found to take place
at the bcc-to-hep Ti phase transition. Even more interesting was that the stabilization of bce Ti
resulted in nearly 20 at.% Nb intermixing within the Ti layer and contributed to a lowering of the
volumetric free energy barrier for this phase transformation as Nb is a 3-stabilizer in Ti [38].

In this new study, we propose to apply similar stress measurements to correlate the

Cu/Nb transformations to the stress evolution as the layers grow. We now extend this work to
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include non-equal layer thickness effects on the growth stress and what role, if any, do they have
in tuning the overall multilayer stress. In such cases, the volume fraction effects may become
more appreciable in the phase stabilization and related growth stresses. The Cu/Nb system offers
a distinctively different thermodynamic system than Ti/Nb too. Cu and Nb are bulk immiscible
species where intermixing would not be expected; in contrast, significant Nb was found to mix
with the B-Ti phase. If mixing is eliminated, the possible phase changes would be very
dependent on the interfacial energies. It is also worth to note that both fcc Cu and bcc Nb have
relatively similar lattice constants (acy = 0.362 nm and anb = 0.331 nm). Through the biphase
diagram coupled with the in situ stress measurements, we will then be able to understand when
phase changes occur coupled with underlying diagnostic tools to characterize the multilayer
response to the phase transformations to help reveal the mechanisms that contribute to nanoscale

phase stability.
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Fig. 3.1. A proposed biphase stability diagram based on a previously report [19].
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3.3 Experimental and Computational Modeling Procedure

A series of Cu/Nb multilayers were sputter-deposited onto ~270 um Si [001] substrates,
with each substrate having a native oxide on its surface, in an AJA ATC-1500 sputtering
chamber. The total layer thickness for all films was 240 nm with bilayer thicknesses spanning 1
to 40 nm. Sputter parameters were maintained to achieve three Nb layer volume fractions of fnp
=0.25, fap = 0.5 and fanp = 0.75 in each respective bilayer multilayer. The pressure of the
sputtering chamber was < 1.33x10 Pa prior to sputtering and kept at 0.133 Pa during sputtering
using ultra-high-purity argon as the working gas at a flow rate of 0.01 L/min. All multilayers
were deposited at room temperature (~25 °C).

The in situ growth stresses during deposition was recorded with a k-Space multi-beam
optic sensor (MOS) [39]. The stresses in these films were then calculated based on the substrate

curvature using the Stoney equation [40]:

ig l_i (3 4)
6(1-v)t, (R R, '

where ot is the film stress, Es is the Young’s modulus of the substrate, Vs is the Poisson’s ratio for

O =

the substrate, ts is the substrate thickness, tf is the film thickness, and 1/Ro and 1/R are measured
curvatures of the film before and during/after deposition, respectively.

Small angle X-ray reflectivity (XRR) and X-ray Diffraction (XRD) were conducted on a
Philips X’pert diffractometer with a Cu Ko source operated at 40 keV and 30 mA [41]. XRR 6-
20 scans were undertaken to determine the layer thickness with the deposition rates determined
by the layer thicknesses divided by the deposition run time. WinGIXA was used to analyze the
obtained XRR data. XRD 6-26 scans were applied for identification of phases and to determine

the d-spacing in the growth direction of the layers. All scans were performed with an angular
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resolution of 0.005° expect for the Cu/Nb fyp = 0.5, 4 = 1 nm sample, which had a resolution of
0.002°.

Plan-view transmission electron microscopy (TEM) samples were prepared by cutting a 3
mm disc with an ultrasonic cutter from the center of each wafer. First the back-side was ground
with SiC paper to a thickness of ~100 um and then the disc was dimpled to <11 pum using 6 um
diamond paste as the abrasive. The dimpled samples were initially ion-milled at 4.0 keV and
finally polished at 1 keV in a Gatan Precision lon Polishing System (PIPS) using Ar" ions.
Cross-section TEM samples were prepared by a focused ion beam (FIB) lift-out procedure [42-
45] in either a FEI Quanta 3D dual SEM-FIB or Tescan Lyra 3XM dual SEM-FIB. Initially
milling was done at 30 keV with step down ion currents from 1.0 nA to 0.1 nA. A subsequent
low keV clean-up at 5 keV at a beam current of 50 pA was done to remove the surface damage
created by the Ga" implantation into the sidewalls of the foils [42]. The foils were characterized
using a FEI Tecnai G2 F20 Super-twin (Scanning) Transmission Electron Microscope ((S)TEM)
operated at 200 keV.

Atom probe tomography (APT) samples were prepared using a similar FIB lift-out
technique. Annular milling patterns of increasingly smaller inner and outer diameters were used
to sharpen each tip [42-44]. The APT was conducted in a LEAP 5000 XS (Cameca Scientific
Instruments). Thermally induced field evaporation was performed with picosecond pulses from a
green laser (A=355 nm, 250 kHz, 20 to 40 pJ-pulse?). The experimental parameters were
controlled to maintain a constant evaporation rate of 0.005 ions per pulse. For all measurements,
the temperature of the sample was kept between 30-40 K. The 3D-data sets were reconstructed
using the IVAS 3.3.12 software package (Cameca Scientific Instruments) following the

procedures outlined in Ref. [46].
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To better elucidate the links between the structural phase stability with the residual stress
evolution, a molecular dynamic (MD) simulation was undertaken utilizing the LAMMPS code
[47]. The Cu and Nb embedded atom model potentials used can be found in reference [9]. The
in-plane x-y directions for the thin film model was periodic with the growth z direction separated
by a vacuum region. Alternative Cu/Nb single crystal multilayers with different crystalline
structures and the Kurdjumov-Sachs orientation relationship was used for bulk phase stability
and an equivalent, coherent interface of the closest packed planes used for the phase stabilized
conditions — both orientations of which matched experiments. For the 1 nm/1 nm (bcc Cu/bcc
Nb) multilayers, a 9 nmx 9 nmx 56 nm simulation cell was used with the bottom two layers of
NDb fixed to prevent movement. For the 2 nm/2 nm and 20 nm/20 nm fcc Cu /bcc Nb multilayers,
a 5.7 nmx 6.5 nmx 400 nm simulation cell was used. The velocity Verlet algorithm and Nosé-
Hoover thermostat [48-51] were employed to solve the motion equations for the atoms and
control the system temperature at 300K. After 1000 ps, the structures were fully relaxed to their
equilibrium configurations. The outputs were then visualized by OVITO software [52] and the
phases were distinguished by the common neighbor analysis (CNA) method [53]. This method of

simulation was previously used and successfully demonstrated by the authors for Ti/Nb [38].

3.4 Experimental Results
3.4.1 Phase identification and microstructure

Fig. 3.2 shows the results of 6-20 XRD scans for Cu/Nb multilayers with varying bilayer
thicknesses and Nb volume fractions, fab. Fig. 2(a)’s XRD scans for the fyp = 0.25 Cu/Nb
multilayers indicated peak shifts and peak merging with a continual reduction of the bilayer

spacing. For a bilayer thickness of 2 = 40 nm, individual phases from each layer type can be
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clearly indexed to their equilibrium phases. At 4 =4 nm, a single peak about 41.28° is noted with
satellite reflections on either side. Satellite peaks are a result of constructive interference created
by the repeating supercell structure of the multilayer stack [54, 55]. As the bilayer thickness is
gradually reduced to 2 nm to 1.2 nm, this main peak exhibited a modest change in its 26 location
with a shift spanning 0.1 to 0.3°. In addition, the satellite peaks separated further from the major
peak consistent to the decreasing bilayer spacing.

Similar XRD patterns of fap = 0.5 and 0.75 multilayers are shown in Fig. 2(b) and (c). In
Fig. 2(b) and (c), at 4 =40 nm, both types of multilayers revealed the bulk stable phases. When
the bilayer thickness decreased to 8 nm for both of these Nb volume fractions, the Nb and Cu
peaks shifted in comparison to their prior A = 40 nm positions with the additional diffraction
associated with satellite reflections. With 2 = 4 nm, a single peak formed for each of these
volume fractions with corresponding satellite peaks on either side of this single peak. For the fnp
=0.5at A =1 nm, the single peak is very board (reminiscence of an amorphous reflection) as
compared to the other peaks for equivalent bilayer spacings.

With the presence of a single peak, as well as satellite reflections, for each of these

volume fractions, phase identification can be difficult requiring a complimentary diffraction

technique to clearly discern the phase.
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Fig. 3.2. X-ray diffraction spectra of Cu/Nb multilayered film. The figures are with different
bilayer thickness (1) at (a) fab = 0.25 (b) fno = 0.5 and (c) faw = 0.75. The dash line represents the
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standard bulk powder location for each phase for the labeled {hkl} reflection and the red arrow
represents satellite peaks.

To further assist in the phase identification, selected area electron diffraction (SAED)
was employed. Fig. 3.3 are representative plan-view diffraction patterns for the fnp = 0.25
multilayers. Fig. 3.3(a) confirmed that the 30 nm Cu /10 nm Nb multilayer to be fcc Cu and bcc
Nb phases. In particular, clear fcc and bce rings are individually indexed. When the bilayer
thickness was reduced to 4 nm, Fig. 3.3(b), the bulk phases are still present. For 1.5 nm Cu/0.5
nm Nb multilayer, Fig. 3.3(c), clear distinction between the fcc and bcc rings became more
difficult to ascertain with the first inner ring being board in its intensity. This could suggest that
the Nb has begun to undergo a bcc-to-fcc phase transformation (or at least very strained).
However, we were able to observe a very faint bcc {200} ring suggesting that the Nb has not
fully transformed. At 4 = 1.2 nm, the multilayer can be continuously indexed as a fcc phase. It is
worth to note that hydrogen can stabilized an fcc 5-NbH phase; however, we do not believe this
transition to be this phase because the lattice parameter as.noH = 0.455 nm [56] whereas the fcc
Nb phase above has an afcc-nn = 0.36 nm. Furthermore, plan-view foils, in comparison to cross-
sectional foils, have been shown to be less susceptible to hydrogen infiltration and artifact
stabilization effects [34, 57].

Fig. 3.4 showed the representative plan view diffraction patterns at fyp = 0.5. Consistent
with the XRD results, when the bilayer thickness equaled to 40 nm and 4 nm, both layers are in
their bulk equilibrium structures with fcc Cu and bcc Nb rings indexed, Fig. 3.4(a) and (b)
respectively. As the bilayer thickness decreased to 2 nm the rings can be consistently indexed to
a bcc structure. When the bilayer became 1 nm, the film did not show clear, multiple reflections

as before but a very diffuse inner ring that is consistent with an amorphous structure. This
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diffraction pattern in Fig. 3.4(d) was consistent with the very board single peak noted in the
XRD scan, Fig. 3.2(b). This suggested that a second phase transformation has occurred with
decreasing bilayer thickness where the multilayer has now vitrified.

The selected plan view diffraction patterns at fnp = 0.75 are shown in Fig. 3.5. Similar to
the fno = 0.25 and 0.5 diffraction patterns, both fcc rings and bcc rings are present when the
bilayer thickness equaled 40 nm and 4 nm. As the bilayer thickness decreased to 2 nm and 1.2
nm, the diffraction rings were indexed to a bcc phase. Unlike Fig. 3.4(c) and (d), all the rings
(especially the inner most ring) in Fig. 3.5(c) and (d) are relatively sharp and any evidence
vitrification diffraction was not found. Copper also has a hydride phase, but it is the wurtzite
crystal structure with distinct a- and c- lattice parameters [58] whose reflections were not
observed in the plan-view diffraction pattern. As with fcc Nb, the bcc Cu is stabilized by the size

and energy dependent effects.
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Fig. 3.3. Electron diffraction pattern (taken under plan-view orientation) of representative Cu/Nb
multilayers with fnp = 0.25. (a) Diffraction pattern of 4 = 40 nm foil. (b) Diffraction pattern of A
=4 nm foil. (c) Diffraction pattern of A =2 nm foil. (d) Diffraction pattern of 2 = 1.2 nm foil.
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Fig. 3.4. Electron diffraction pattern (taken under plan-view orientation) of representative Cu/Nb
multilayers with fnp = 0.5. (a) Diffraction pattern of A = 40 nm foil. (b) Diffraction pattern of A =
4 nm foil. (c) Diffraction pattern of A =2 nm foil. (d) Diffraction pattern of A =1 nm foil.
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Fig. 3.5. Electron diffraction pattern (taken under plan-view orientation) of representative Cu/Nb
multilayers with fnp = 0.75. (a) Diffraction pattern of 4 = 40 nm foil. (b) Diffraction pattern of A
=4 nm foil. (c) Diffraction pattern of 1 =2 nm foil. (d) Diffraction pattern of 1 = 1.2 nm foil.

As thin film stress is a function of the microstructural evolution, we have quantified the

average grain size (determined by plan view precession electron diffraction) as well as

qualitative imaging that confirmed the presence of columnar grains within the multilayers. The
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average grain sizes spanned approximately 38 nm to 45 nm regardless of volume fraction or
bilayer spacing. This suggests that the grain size is relatively invariant across the films and will
have a less significant effect on stress as compared to other factors, such as bilayer spacing,
volume fraction of material, and phase. A columnar grain morphology was observed in each of
the multilayers, with representative cross-sectional images shown in Fig. 3.6. When the bilayer
thickness was sufficiently thin, the columnar morphology spanned through the layer pairs in
contrast to the very distinct columnar grains within the layers for the thicker layers — compare

Fig. 3.6(a) to 6(b)-(c).
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Fig. 3.6. Cross sectional images of Cu/Nb multilayers. (a) Bright field TEM A = 40 nm/fyp =
0.25 multilayer (inset image is a STEM-High Angle Annular Dark Field (HAADF) image) (b)
STEM-HAADF A = 10 nm/fyp = 0.5 (c) Bright field TEM of A4 =2 nm/fyp = 0.5 with the inset
image confirming the layered morphology.

3.4.2 In situ growth stress evolution

With the phase stability of each multilayer established, the stress evolution during their
growth is now reported. Thin film stress is intimately linked to the microstructure of the film,
including grain size and grain morphology. However, as reported above, these films exhibited
relatively similar grain sizes and were found to have a columnar grain morphology. This rather

consistent microstructure between the multilayers is fortunate in that changes in stress changes
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can then be more directly established with the volume fraction of the multilayer, the bilayer
spacing, and even phase stability [59]. Fig. 3.7(a), (b) and (c) are plots of the stress-film
thickness product vs. film thickness for each of these multilayers at each of the volume fractions
with Fig. 3.7(d)-(i) being selected regions of the scans to reveal representative growth stresses
for individual layers at different volume fractions and bilayers. For all the multilayers, when they
are in the post-coalescence state [60], the stress-thickness product had an overall compressive
behavior, with the films becoming ever more compressive with Nb content and bilayer thickness
until a critical bilayer spacing was achieved and the stress relaxed. The modulated stress within
each line (see inset image in Fig. 3.7(b)), corresponded to the growth of each individual layer on
the other in the multilayer stack; these modulations are also discerned more clearly in Figs.
3.7(d)-(i). Similar types of modulated growth for Cu on other immiscible metal surfaces have
been reported for Cu/Ag multilayers [61].

In Fig. 3.7(a), fno = 0.25, the compressive stress increased from 4 = 40 nm to 2 nm, after
which the slopes of the curves tended to gradually recover to a reduced compressive state. The
stress modulations between the layer-pairs became less and less pronounced with decreasing
bilayer spacing, which may be due to the sensitivity of the scan to capture such thin layers. Atom
probe tomography, to be discussed below, revealed that a chemical modulation was still present
for these very thin Nb-lean (as well as forthcoming Nb-rich compositions). For the 2 =40 nm
multilayer, groupings of approximately 6 layer pairs showed a sinusoidal stress response within
each grouping as well as each grouping having a distinct increase in its compressive stress
between each group. This film was grown an additional two times and the same grouping stress

response was noted.
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For Fig. 3.7(b), fno = 0.5, as A decreased from 40 nm to 4 nm, the total film increased its
compressive stress. This compressive stress change was much larger than the fnp = 0.25. Upon
plotting the individual layer growth, Fig. 3.7(e) and (h), the Cu film stress gradient with
thickness is relatively invariant but the growth of Nb resulted in a significant compressive stress
drop between each Cu layer which drove the entire multilayer towards an ever increasing
compressive stress state with decreasing bilayer thickness until 2 =4 nm. At bilayers less than 4
nm, the compressive stress relaxed in these Cu/Nb multilayers. The surface energy of Nb is
nearly twice that of Cu [62]; this stark difference would contribute to adatom mobility variations
and their corresponding differences in growth stress responses between the two layers. Labat et
al. [59] reported something similar in that the stress state was near zero for a Au layer grown on
Ni layer because of the formation of an out-of equilibrium solid solution at the interface that
expanded the lattice parameter. In our work, it was not necessarily a solid solution but rather a
fcc-to-bee Nb phase change (confirmed at A = 2 nm) that resulted in the change in the layer’s
growth stress.

Finally, Fig. 3.7(c), fno = 0.75, revealed an ever increasing compressive stresses which is
contributed to the high volume fraction of Nb layer thicknesses in the film, Fig. 3.7(f). This
compressive stress increased from A =40 nm to 2 nm, which was similar to the other two volume
fractions. With bilayer thickness of 1.2 nm, the compressive stress relaxed but unlike the prior to
multilayers, at this thinnest 1.2 nm bilayer, the stress state was still relatively more compressive
than the ‘bulk’ 4 =40 nm condition. In Fig. 3.7(i), the fcc-to-bcc Cu phase changed at A =2 nm
and again did not appear to alter the Cu’s growth stress gradient with thickness (i.e., it remained
relatively invariant) but, like fno = 0.5, the Nb growth stress gradient with thickness became less

compressive.
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Fig. 3.7. Stress evolution of Cu/Nb multilayers during sputtering deposition. (a) Stress evolution
of the stress-thickness product verses thickness for Nb volume fraction fnp = 0.25 multilayers
listed by their bilayer thickness (1). (b) Stress evolution of the stress-thickness product verses
thickness for Nb volume fraction fn, = 0.5 multilayers listed by their bilayer thickness (1). The
inset image shows the growth stress oscillations as each layer grows. (c) Stress evolution of the
stress-thickness product verses thickness for Nb volume fraction fnp = 0.75 multilayers listed by
their bilayer thickness (1). (d) Magnified image of fno = 0.25, 1 =4 nm ‘bulk’ phase multilayers.
(e) Magnified image of fnp = 0.5, A =4 nm ‘bulk’ phase multilayers. (f) Magnified image of fap =
0.75, 2 =4 nm ‘bulk’ phase multilayers. (g) Magnified image of fnp = 0.25, 2 = 2 nm phase
transformed multilayers. (h) Magnified image of fap = 0.5, A = 2 nm phase transformed
multilayers. (i) Magnified image of fnp = 0.75, 2 = 2 nm phase transformed multilayers.

3.4.3 Interfacial structure evolution

Fig. 3.8 shows the high resolution TEM (HRTEM) images for the fnp = 0.25 multilayers.
The dominant orientation relationship of the fcc/bcc interfaces in Cu/Nb multilayers is
Kurdjumov-Sachs (KS) relationship, i.e., (111)cc//(110)bcc, [110]tcc//[111]bec, as reported in
references [63-65]. In Fig. 3.8(a), fap = 0.25 and A = 40 nm, misfit dislocations can be observed
in the Nb layer (comparable to prior reports in Ref.[66]). The presence of these misfit
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dislocations indicated that this interface is semi-coherent. Similar bulk phases of Cu/Nb are seen
for the fnp = 0.25 at 4 = 4 nm. Each of these cross-sections’ phases are consistent with their plan-
view diffraction in Fig. 3.3. However, for the A =4 nm in Fig. 3.8(b), the HRTEM image did not
reveal misfit dislocations at the interface for the field of view imaged but rather a modest
distortion of the lattice planes at the interface suggesting a coherent interface. A slight shift in the
XRD pattern, Fig. 3.2, was also noted for this particular multilayer. As the bilayer thickness
reduced to 2 nm, Fig. 3.8(c), portions of the interface stayed similarly distorted as noted by the
red lines as a guide to the eye in tracing the lattice fringes across the interface. Other regions
within this cross-section along the interface appeared to be relatively distortion free (continuous
and unbent lattice fringes indicated by the guide to the eye green lines). Wang et al. [64] reported
a molecular dynamics simulation Cu/Nb multilayers where relatively distortion free bcc Cu
regions were surrounded by Vernier misfits. Though we did not observe clear dislocations in our
images, the presence of distorted and relatively distortion free bcc Cu is suggestive that our
experimental findings may confirm the prior simulation predictions.

Finally, for the fny = 0.25 at 4 = 1.2 nm, the multilayer revealed a high proportion of
continuous and unbent lattice fringes suggesting a loss of coherent distortion across the interface,
Fig. 3.8(d). However, we do note that when it comes to a very thin bilayer thickness (~1 nm), it
is difficult to distinguish the Cu layer from the Nb layer by the contrast in the HRTEM images.
Here we noted ~1 nm bright and dark ‘clusters’ within the film and across the interfaces. These

clusters will be further elaborated upon with the atom probe results below.
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Fig. 3.8. HR-TEM cross-section images of selected Cu/Nb multilayers. (a) HR-TEM cross-
section image of 4 =40 nm/fns = 0.25 multilayers at interface with the present of misfit
dislocations and semi-coherent interface. Thin dash line indicates the extra half-plane (b) HR-
TEM cross-section image of A =4 nm/fnp = 0.25 multilayers at interface with the present of
distorted lattice at coherent interface (indicated by yellow, red and dark blue lines). (¢) HR-TEM
cross-section image of A4 = 2 nm/fno = 0.25 multilayers at interface with the present of both no-
distortion (indicated by green lines) and distortion coherent interfaces (indicated by red lines).
(d) HR-TEM cross-section image of 4 = 1.2 nm/ fnp = 0.25 multilayers at interface with the
present of no-distortion coherent interfaces (indicated by green lines).

3.4.4 Chemical analysis across interfaces

Fig. 3.9 is the atom probe tomography chemical modulation analysis across the interfaces
for the 1 =2 nm/fno = 0.5; 4 = 1.2 nm/fap = 0.25; 2= 1.2 nm/fnp = 0.75; and 4 = 1 nm/fp = 0.5.
The time of flight mass spectrum only detected the metallic species and a small hydrogen gas
peak, which is a known vacuum contaminate. No argon gas incorporation or oxygen was found
to be in the films. As described in section 3.4.1, the hydrogen presence is not believed to have
created artifacts in the phase stabilization evident by not observing the hydride lattice parameter
for niobium or lower symmetry crystal structure for copper hydride.

Either a 1D concentration profile or spatial distribution map was taken normal to the
layered interfaces for these measurements for each of these bilayers. For the 4 =2 nm/fnp = 0.5
multilayer, Fig. 3.9(a), a chemically modulated structure was found with a high proportion of

intermixing of ~48% Nb atoms in each of the Cu layers with ~46% Cu atoms in each of the Nb
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layers. Though these species are ‘bulk’ immiscible, the atom probe results revealed mixing at the
nanoscale. Coffey and Barmak [67] have previously noted that interfacial energies can have a
significant impact on the driving forces that promote intermixing in thin film multilayers. At 1 =
1.2 nm for either fnp = 0.25 or fap = 0.75, a layered chemical modulation is still present, proven
by Cu spatial distribution maps; however, the layers themselves are again highly intermixed, Fig.
3.9(b) and (c). Finally, at A =1 nm/fnp = 0.5, the atom map revealed a loss of a layered chemical
modulations and clear Cu and Nb clustering at the remnants of the prior layered interfaces, Fig.
3.9(d) [26]. Such clustering likely explained the similarly sized contrast seen in the HRTEM
image in Fig. 3.8(d). This level of intermixing at these length scales have also been quantified in

a series of de-vitrificated Cu-Nb alloy films [68-70].

(a) (b)
A=2nm,fy, =05 A=1.2 nm, fy, =0.25
Z 8
e\? 6s s &e .(u '5
- w
NG T
§ 45 "Cu 8 5l
g 40 e
© o1 2 3 4 s 6 4 2 0 2 4 6
Distance (nm) Distance (nm)
(c) (d)
A=1.2 nm, fy, = 0.75 A=1nm, fy,=0.5
_ ROI Cu Clusters  Nb Clusters
-~ 24}
S
X 21
5 18}
=
Q
1.5

6 -4 -2 0 2 4 6
Distance (nm)

Fig. 3.9. APT analysis of selected Cu/Nb multilayers. (a) 1D concentration profile across the
interfaces of the 4 = 2 nm/fxy = 0.5 multilayer with atom ion map inserted. (b) Spatial
distribution map of Cu atoms of A = 1.2 nm/fn, = 0.25 multilayer with atom ion map inserted. (c)
Spatial distribution map of Cu atoms of 4 = 1.2 nm/fnp = 0.75 multilayer with atom ion map
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inserted. (d) Atom ion map of region of interest (ROI) and related Cu and Nb cluster maps of 4 =
1 nm/fnp = 0.5 multilayer. Color available online.

3.5 Discussion

From the phase identification, as determined by X-ray and electron diffraction, for each
set of multilayers with different fab, the phase diagram of Fig. 3.1 is re-plotted as Fig. 3.10. This
more holistic phase diagram confirmed the prior predicted phase diagram regions but with some
notable improvements. First, the additional multilayers grown in this study have more clearly
delineated the phase space as well as identified a new amorphous phase regime for the thinnest
bilayer studied at fno = 0.5. Interestingly, this amorphous region is not present on either Cu-rich
or Nb-rich sides of the diagram suggesting that the phase field is limited near equal compositions
at these very thin thicknesses. In addition, the boundaries between the crystalline phases in the
equal and Nb-rich volume fractions are curved, not linear, indicting the effects of strain in
stabilizing the bcc Cu phase. Finally, the prior predicted fcc Nb phase in Cu/Nb discussed in the
introduction [29] is significantly shifted to a much lower bilayer spacing value and is in the Nb-
lean region with. We did not confirm this transformation at fnp = 0.5. Our work agrees with the
report by Kung et al. [19] and is more consistent with prior phase transformations seen in other
similar multilayered structures [19, 30, 38]. We suspect that the prior, larger layer thickness
stabilization of fcc Nb reported by Zhang et al [29] is a result of the aforementioned fcc NbH
artifact effect. In their paper, they report their fcc lattice parameter to be = 0.4233 nm, which can

be easily rationalized as a strained hydride.
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Fig. 3.10. Phase stability diagram. The dash lines represent the original predictions for phase
space whereas the solid lines now represent the new experimental boundaries created by this
report. Filled rectangular represents multilayers with fcc Cu/bcc Nb phases. Filled circle
represents multilayers with fcc Cu/ fcc Nb phases. Up triangle represents multilayers with bcc
Cu/bce Nb phases. Down triangle represents multilayers with amorphous phase. Solid and
dashed line represents phase boundary of different phases.

Using the slope of these experimentally determined boundaries, the change in interfacial
energy, Ay, between the crystalline phases was ascertained using equations (3.1)-(3.3). The slope
of the fcc Cu /bece Nb and fce Cu/fecc Nb phase boundary (Nb-lean volume fraction) in Fig. 3.10
is approximately 1.48. Based on the atom probe results, the intermixing of Cu into Nb will lower
the AGnp from = 1.29x10°Jm (Nb-0Cu) [71] to = 0.83x10° Jm™3 (Nb-46Cu), with the mixed
volumetric energies calculated from CALPHAD [71]. Using equation (3.2), the Ajtw=0.25 =~ —280
mJm2 for a bee-to-fce Nb transformation. The linear boundary also suggested that coherency
strains were not significant in driving the transformation. Those insights can also be gleaned
from the HRTEM micrographs of Fig. 3.8. As the Nb-lean layers reduced their bilayer thickness,

the fcc Cu/bcec Nb went from a semi-coherent interface to a coherent interface while still
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retaining their bulk phase structures. Upon further reduction, the coherent fcc Cu/fcc Nb phase
formed and continued to retain the prior coherent interface.

In the equal thickness and Nb-rich regime of the phase diagram, the phase boundary
between fcc Cu/bce Nb and bee Cu/bee NDb fields is significantly curved. Using equation (3.3),
coupled with the APT results for the extent of Nb intermixing with Cu, the AGcy was reduced
from 5.14 108Jm (Cu-ONDb) to = 2.20 x10® Jm= (Cu-48Nb) and the interfacial energy
reduction being ~ —430 mJm for this fcc-to-bee transformation.

Though we have been able to ascertain the crystallographic phase transformations
through a reduction of interfacial energy, the vitrification of both phases for the thinnest bilayer
at the equal layer thicknesses offers a new wrinkle in the transformation behavior in this
multilayer system. The APT results for this multilayer, Fig. 3.9(d), revealed remnants of a
layered structure which were now broken up as clusters of Nb and Cu. The lack of a continuous
layer at this targeted bilayer is believed to be a result of the large surface energy differences
between Cu and Nb, which as mentioned above is a factor of two. Since prior multilayers that
were able to be intermixed but retained a crystalline phase (Fig. 3.9) suggested that the
stabilization of the glassy phase for fn, = 0.5 appeared more to do with the breakdown of the
interfaces themselves in the multilayers. This is particularly interesting result as in prior reports
in other multilayers where the presence of a multilayered interface can actually stabilize the
metallic glass phase in very thin layers [72]. Here, the interfaces are no longer laminate but those
created by the intrinsic clustering of Cu and Nb. When the films were either Cu or Nb rich in
volume fraction, the layered interfaces are not as sensitive to this break down and the film, even
intermixed, retained the crystalline phase. Thus the vitrification space is composition dependent,

even at small bilayers. Banerjee et al. [73] have co-sputtered alloys of varying Cu-Nb amounts
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and noted that the glassy phase formed with the Nb content varied between approximately 30 to
70 at.% Nb. Our ‘mixed’ multilayered results would be consistent with their alloy film findings.

With the phases stability established, we now address the consequence of this behavior
on the multilayers’ growth stress. In general, as the bilayer thicknesses for all three fn, changed,
the multilayers became more compressive. By plotting the overall growth stress, taken as a single
linear fit to the growth curves in Figs. 3.7(a)-(c), versus the bilayer thickness, the stress

relaxation at specific bilayers becomes readily apparent and can be easily compared across the

multilayers, Fig. 3.11.
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Fig. 3.11. Growth stress versus bilayer thickness curves. The curves are for (a) fanp = 0.25, (b) fao
= 0.5 and (c) fap = 0.75 Cu/Nb multilayers. Solid arrow represents the formation fcc Nb phase.
Hollow arrows represent the formation of bcc Cu phase. Slashed arrow represents the formation

of Cu/Nb amorphous phase.
First, with increasing Nb volume fractions within the multilayers, the compressive stress
increased. At a specific bilayer thickness, each of these multilayers experienced a stress

relaxation with the fyp = 0.5 and 0.75 films occurred at A = 2 nm. For these volume fractions, the

bilayer spacing, A = 2 nm, is also the thickness where the fcc-to-bcc Cu transition occurred and
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would be amenable to a change in interfacial stress between the two layers. We noted that this
interface was also coherent, Fig. 3.12. Labar et al. [59] reported a constituent equation that can
estimate the growth stress per unit length of a single layer in terms of this interfacial stress.
Using this equation as a guide, we have expanded it to our multilayered system as follows:

F= O'h + n( fCu—Nb + be—Cu) (5)

where F is the overall growth stress per unit length, o is volumetric stress which equals the
biaxial modulus of the Cu/Nb multilayers multiplied by the misfit at the interfaces, h is the total
thickness of the multilayer, n is the number of bilayer pairs which equals h divided by A, and fas
is the A-B interfacial stress. The biaxial stress was computed from the weighted averages of Nb
content given from the computed biaxial stress at fnp = 0.5 reported in reference [74]. The
average interfacial stress values were measured from the in situ growth stress measurements
recorded during deposition that followed the procedure reported by Li et al. [38, 75]. These
collective values, with equation (5), then predicted what the overall growth stress per unit length

would be for each multilayer, Table 3.1.

Cu *Nb
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P

A =2 nm, fy, =0.50

Fig. 3.12. HR-TEM cross-section image of 4 =2 nm/fnp = 0.5 multilayers. No-distortion
coherent interfaces (indicated by green lines) present at interface.
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Table 3.1: Tabulation of growth stress per unit length values of Cu/Nb multilayers (for the
various Nb fraction and bilayer spacing multilayers).

Nb Bilayer Phase ID  Experimental Calculated Experimental

volume thickness for Cu/Nb interfacial overall growth overall growth

fraction (nm) growth stress  stress per unit stress per unit
per unit length (N/m) length (N/m)
length (N/m)

0.25 40 fee/bee 13.5 -334 -257

0.25 4 fce/bee -0.68 -456 -367

0.25 2 fec/fec -0.70 -372 -370

0.5 40 fee/bee -6.0 -583.2 -392

0.5 4 fee/bee -7.3 -982 -1507

0.5 2 bee/bee -2.0 -620 -625

0.75 40 fce/bee -6.5 -445 -470

0.75 4 fce/bee -20.3 -1621 -1858

0.75 2 bee/bee -9.5 -1439 -1788

The calculated results shown in Table 3.1 exhibited a similar trend with the experimental
data shown in Fig. 3.7(b), which was with decreasing bilayer thickness from 40 nm to 4 nm, the
compressive growth stress increased. A continual reduction of the bilayer thickness resulted in an

exhibited stress relaxation. The computed overall growth stress values and their corresponding
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experimental values for each multilayer, Table 3.1, were in relatively close agreement except for
the fnp = 0.5 at A =4 nm. This particular film retained the bulk phases just prior to transformation
of the Cu layer. This film state was significantly strained which could have altered the biaxial
stress value taken from the computed (or idealized) condition referenced in [74]. Note that the
computed growth stress was approximately one-half the value of the experimental measurement.
When this film was either in its ‘bulk’ larger layer thickness (A = 40 nm) or transformed state

(4 =2 nm), much closer agreement was found and the film was in a less compressive stress state
condition. Even though the non-equal fraction multilayers were shown to be in closer agreement,
one can glean from Table 1 that a larger deviation in the calculated and experimental stresses
occurred in the more compressive stress states between the fyp = 0.25 vs. fyp = 0.75 values.

To further understand how the stress evolved in the individual layers, an MD simulation
was performed. Fig. 3.13(a) are the MD simulated growth stresses for a variety of bilayers at fno
= 0.5. Similar to the computed values using equation (5) and the experimental findings in Fig.
3.7(b), the MD simulation correctly captured an ever increasing compressive stress with
decreasing bilayer with a subsequent stress relaxation. This relaxation also correlated to the
simulation predicted change in the fcc-to-bcc Cu layer. These simulations revealed that the Nb
layers grew more compressive than does Cu layers, which again was consistent with the
experimental trends discussed above. This phase stability and stress value agreement gives
confidence that the MD simulation is reasonable in capturing the stress states that evolve within
the film. Nonetheless, there are some subtle differences particularly with the absolute values
between the experimental and simulated growth stresses. These differences are contributed to the
simplistic (or idealized) atomic structure used in MD which ignored grain boundary effects,

intermixing, and growth environment. Regardless of these differences, the simulated stress
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values are of the same order of magnitude of the experimental findings and trend in the
equivalent manner.

What is particularly interesting in this MD simulation is its ability to capture the stress
relaxation between 2 =4 nm and 4 = 2 nm. By plotting the stress state distribution within the
multilayer, Fig. 3.13(b), we noted that the interface between fcc Cu/bcc Nb at 4 =4 nm was
compressive (or blue) in the Nb layer with the Cu layer indicating some tensile regions (red
atoms) at the interface while the interior of the Cu film was relatively compressive (or aqua
green to blue). When the Cu layer adopted the bcc phase, Fig. 3.13(c), a clear onset of tensile
stresses (or red) atoms dominated the interface by a near continuous coverage of the interface
with Nb. In addition, the interphase is coherent, which is in agreement with the prior HRTEM
images. The interior of the bcc Cu layer now consisted of a distribution of stress states evident by
the mosaic of colors. The Nb layer also revealed some modest changes in stress, apparent by
alterations in the atom color states but this was much less prevalent in either its spatial extent in
the individual layer or that to the changes the Cu layer underwent. For completeness, the
distribution of the stress states for the ‘bulk’ fcc Cu / bcc Nb multilayer at A = 40 nm is shown in

Fig. 3.13(d).
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Fig. 3.13. MD simulation of fap = 0.5 for various bilayer spacings. (a) Overall growth stress (b)
atomic stress state distrubtion in fcc Cu/bcc Nb at A =4 nm (c) atomic stress state distrubtion in
bce Cu/bee Nb at 4 =2 nm (d) atomic stress state distrubtion in fcc Cu/bec Nb at 4 =40 nm.

Similar to the previous multilayers, the fnn = 0.25 also undergoes a stress relaxation with
its phase transformation, Fig. 3.11, but it is much less pronounced and occurred at a layer
thickness less than the initial transformation. Though fn, = 0.25, 4 = 2 nm exhibited the bcc-to-
fcc Nb transformation, the compressive stress very modestly increased. Only upon further
reduction in layer thicknesses, where the atom probe data set, Fig. 3.9(b), confirmed significant
intermixing, did the compressive stress relax. The lower compressive stress states for all these
films was associated with the lower fraction of Nb content. The Nb bcc-to-fcc phase
transformation experimentally formed a linear phase boundary, Fig. 3.10, suggesting negligible
strain effects in driving the transformation, which again supports the closer agreement of

computed and measured growth stress values tabulated in Table 3.1. The lack of a significant
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change in stress may have also contributed to the existing coherent interface that was present
between the two phases in either the bulk or pseudomorphic conditions, Fig. 3.8.

Based upon the experimental consistent microstructures between the films - grain sizes
and columnar morphology across bilayers and volume fractions - coupled with the simplistic
predicted growth stress equation as well as targeted MD simulation for fnp = 0.5 (which neither
deliberately incorporated microstructure), the stress responses in these multilayers appeared to be
most significantly affected by the volume fraction of Nb and the phase of the individual layers.

A final comment is now made concerning the absolute thickness values for these phase
transformations and their related residual stress. With changes in deposition rates, growth
orientations, or even methods of deposition, it is feasible and even likely the phase
transformation thicknesses and stress states will vary. This could be contributed to the change in
film’s microstructure, including evolving defect structures which develop as the adatoms
coalescence and form a continuous film. For example, in the work of Aboulfadl et al. [76]
different sputtering rates were used to grow a series of metallic multilayers and a noted change in
interfacial intermixing was found as a function of this processing condition. In the computational
work by Wang et al. [64], they predicted that different growth rates will modify the threading
dislocations that form and change the bcc Cu stabilization thickness in Cu/Nb. Such changes,
wither chemical intermixing, defect formations, and/or strained layers, will then alter the free
energies that compose the thermodynamic stability equations described in the introduction. The
framework of this thermodynamic construct will still be retained but care in the interpretation of
the free energies values that predict the phase stability need to be carefully considered. Thus, the
findings reported here are for a specific set of deposition processing parameters. The

development of the effects of processing parameters on these thermodynamic energies, such as
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control of intermixing and defect populations, provides an area of future, fertile research in the

area of nanoscale phase stability.

3.6 Summary

In the present study, the phase stability and the corresponding in situ growth stresses of
Cu/Nb multilayer thin films were investigated. Phases were indentified by XRD and electron
diffraction techniques and confirmed both fcc-to-bcc Cu and bec-to-fcc Nb transfromations.
Based on a classical thermoldynamic model, a biphase diagram was constructed and linked to the
growth stresses. From those links, the following conclusions were drawn:

1. Atfw=0.25and A =2 nm, fcc Nb is stabilized in a layered structure. The strain
contribution to this stabilization is limited, evident by both a linear phase boundary in the
biphase diagram and HRTEM confirmation of a coherent fcc Cu/bcc Nb to coherent fcc
Cu/fcc Nb interface. The interfacial energy reduction for this transformation was found to
be ~ —280 mJm™. Additionally our results reveal that the fcc Nb stabilization is at a much
lower thickness than originally reported and not at an equal volume fraction [29].

2. Atfnp =0.5and 0.75, the fcc-to-bee Cu transformation was noted for 4 = 2 nm for both
multilayers and the biphase boundary between the bulk and pseudomorphic phase fields
was curved. This indicated that the transformation is considerably strain dependent and
would be consistent with other reports [30, 32, 33].

3. For the fnp = 0.5 film, a reduction of the bilayer thickness to A = 1 nm vitrified the film
indicating yet another transformation step in these multilayers. APT confirmed the loss of

the layered interfaces for this glassy film with clusters of Cu and Nb. For the multilayered
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materials, where the Cu was transformed, APT (and HRTEM) confirmed the retention of
layered interfaces with APT quantifying that each layer was extensively intermixed.

4. Upon increasing the Nb content of the multilayer, the overall film stress become more
compressive. This was contributed to the highly compressive growth stresses of the Nb
layers; in contrast, Cu’s growth stresses were relatively invariant with growth thickness.

5. The phase transformation in all multilayers revealed a relaxation of the compressive
growth stresses with the relaxation being the greatest in the fno = 0.5 and 0.75 multilayers.
Both a calculated and MD simulation of the stress revealed a similar compressive growth
stress behavior with a stress recovery when the fcc-to-bcc Cu transformed. For the fny =
0.5 MD simulation, the Cu layer revealed dominate tensile stress state at the interface with
a distribution of stress states within the film. For the fnp = 0.25 multilayer, at the bce-to-
fcc Nb layer, the compressive stress modestly increased but then relaxed with a
continuation in reduction of the bilayer spacing, which was contributed to further
intermixing between the layer pairs.

6. The use of phase transformations appears to be a means for tunable stress control in

nanolaminate multilayered films.
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CHAPTER 4

EVOLUTION OF IN SITU GROWTH STRESSES AND INTERFICIAL STRUCTURE IN
PHASE CHANGING CU/V MULTILAYERED THIN FILMS
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4.1 Abstract

As the layer thickness is reduced in a Cu/V multilayered thin film, a change in phase
from face centered cubic (fcc)-to-body centered cubic (bcc) can result for Cu. A series of Cu/V
multilayered films with equal layer thicknesses that spanned bilayer spacing values from 40 nm
to 0.6 nm have been sputtered deposited with their in situ growth stress monitored during the
deposition. When the bilayer spacing was reduced, and the layers maintained their bulk phase
stability, the tensile stress in the multilayer film reduced. This has been contributed to
compressive strain generated at the interfaces even with Cu forming stacking faults in response
to the strain. When the bilayer was at 2 nm, the Cu layer phase transformed to bcc and adopted
its own lattice parameter separate from that of bce V. Further reductions in bilayer spacing

retained a crystalline bcc phase but with a matching lattice spacing between the layers.
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Significant intermixing was quantified by atom probe tomography even though the elements are
immiscible in the bulk state. The change in phase also resulted in an increase in the film’s overall

tensile growth stress.

4.2 Introduction

When material dimensions are on the order of the nanometer size regime, several
interesting properties are observed including increases in hardness [1], reduction of metaling
points [2], and changes in structure or phase [3]. Arguably, of these properties, the change in
phase most often is serendipitously discovered [4-10]. In an effort to better understanding the
governing principles of nanoscale phase stability, the concepts of strain induced [11-13] and
thermodynamic stabilized [3, 14-17] models have been proposed. For the former concept, the
formation of a metastable phase occurs in order to reduce lattice-mismatch-induced strain
energies in the crystal structure [12, 13]. In the thermodynamic approach [3], the change in phase
is the result of reduction of interfacial energy dominating the volumetric energy penalty for
creating a new crystal structure. Both ideas are similar in that the interfaces have a significant
impact on phase stability, with the strain-energy construction suggesting the change in phase to
be metastable whereas the thermodynamic model regards the new phase to be in equilibrium
based on an energy balance.

To study these ideas, multilayered thin films are an ideal architecture where one can have
a fixed surface area over the substrate while simply changing the thickness to precisely control
the volume. Thus, changes in atomic layer thicknesses provide the ability to systematically probe
volumetric-to-surface energy balances as well as strain energy contributions that scale with

volume. Moreover, a multilayer provides control of two different material volumes in contact

68



with each other where the changes in the interface can be accommodated by either epitaxial
orientation relationships and/or different volume fractions that regulate the mechanical responses
in each of the layers. By tailoring individual layer thicknesses, the structural and chemical
properties at these interfaces can then be easily modified and studied with respect to how phase
stability changes in the layers [15, 18]. In addition, thin films often develop significant residual
stresses during deposition that exceed the elastic limits for their bulk counterparts [19, 20]. This
adds an interesting variable that can also influence the phase stability of each material.

Dregia et al. [3] provided a simple thermodynamic model between the Gibbians
volumetric and interfacial energy changes between phases to help predict when a phase change is
possible. In this model, the influence of strain energies can be incorporated into the volumetric
energy contributors for predicting the equilibrium structure. In a two-component multilayer, the

energy balance equation is written as
Ag =2Ay +AGFA+AG;(1-f)2 (4.1)

where fi is the volume fraction of element i, AG; or AG;j are the volumetric energies of the i or j
species respectively, A is the bilayer thickness (sum of each individual layer thickness), Ay is the
interfacial free energy reduction associated with the change in phase at the interface, and Ag is
the normalized total free energy, AG, divided by the fixed surface area of the film. One of the
nice outcomes of this model is a predictive map that has regions of phase stability as a function
of the volume fraction and the bilayer spacing with each region bounded by the energy ratio of
the volumetric free energy change associated with a particular phase transformation divided by
the interfacial free energy reduction for that transformation.

This model has been successfully applied to Ti/Al [14], Zr/Nb [15], Ti/Nb [16, 18],

Cu/Fe [21], and most recently to Cu/Nb [22]. Of these systems, Cu/Fe and Cu/Nb are
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thermodynamically immiscible or, in other words, there is an energetic penalty to mix. This is
particularly important in that mixing through the interface and into the bulk of the other film can
provide an additional chemical contribution to changing the volumetric free energy barrier for
the phase transformation. Thus, by having a preference not to mix, systems are driven to
potentially yield intrinsic stability behavior in the nanometer regime and potentially other
interesting secondary transformations such as vitrification noted in Cu/Nb [22] and Ti/Fe [23].

When these phase transformations occur, the strains created in the film, as noted above,
will also influence the stabilization energy criteria. In recent years, applying laser interferometry
to measure the in situ growth stresses during these transformations has provided insights into
how the phase stability evolves. In Ti/Nb, as the bcc Ti layer grew on the bcc Nb surface, a
tensile stress developed which then relaxed and the Ti film grew compressive once it became hcp
[18]. In Cu/Nb, upon phase transforming, the film underwent a compressive stress relaxation
[22]. Each of these stress responses were associated with how the new phase was accommodated
in their respective multilayer.

During the deposition process, most films will undergo an initial compressive stress
response that is associated with Laplacian stresses from the atomic-scale migration of adatoms
into embryonic islands [24, 25]. Once the islands have formed, tensile stresses are generated as
each island elastically strains towards the other to minimize surface/boundary energies [26].
Subsequent stresses will then become either tensile, if the adatoms have lower mobility on the
surface, or compressive if the adatom have higher mobility on the surface. In general, low
mobility elements include V, Fe and Cr [27] where higher mobility elements include Cu, Nb and
Ti [28]. Obviously changes in processing, such as deposition temperature, deposition rate, and

chamber pressure can modify these mobility behaviors.
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Wan et al. [18] have recently discussed the relationship between phase stability and in
situ growth stresses in the growth of Ti/Nb multilayered thin films. Based on their results, the
growth stresses affected both the phase transformation as well as the interfacial intermixing. The
bcc Ti phase was stabilized by a significant interdiffusion of Nb atoms (~20 at%) into the Ti
layers. This intermixing was caused by differences in the surface free energy of Ti and Nb where
the lower surface energy adatom migrated itself to the surface during growth and became
encased in the other layer. In another case of phase transformation and its related growth
stresses, the authors here reported semi-coherent to coherent interfacial structure changes that
accompanied various fcc-to-bcc and bee-to-fec transformations in Cu and Nb respectively. These
changes in the interfacial structure were associated with the phase of each layer being modified
by the stress behavior between the different multilayered films [22]. Furthermore, when the layer
thicknesses were sufficiently thin in Cu/Nb, the multilayer even vitrified indicating yet another
phase stability region in these films.

The phase stability of bcc Cu has been an area of active study for many decades [29]. In
1924, Bain proposed a lattice strain based model to show how fcc structures, like fcc y-Fe, could
be converted to bcc a-Fe. Arguably, this ‘Bain model” has been the foundation for understanding
strain based mechanisms necessary to stabilize bcc Cu in the decades that proceeded its
publication. Much of the interest in bcc Cu resides in its precipitation in steels [30]. It has been
found that when Cu clusters, these cluster initially adopt a bcc phase eventually transforming to
fcc as they coarsen [31]. As clusters (and precipitates) play a dominate role in strengthening,
understanding the governing behavior of this phase change has been technologically important.
More recently, the fabrication of Cu-based nanolaminates have been of strong interest to the

irradiation community. Here, these nanolaminates create a sufficient number of interfaces that
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trap irradiation induced defects [32]. The phase stability of the Cu is thus important in the
diffusivity of such defects in the nanolaminates. These nanolaminates have also been ideal case
studies to understand slip behavior at interfaces between phases, such as Cu/Nb [33]. Thus,
changes in Cu’s stability at these interfaces will directly alter the means of dislocation
propagation.

In this paper, we aim to expand beyond the Cu/Nb work by studying Cu/V. Though both
systems are immiscible, Cu/V offers several interesting differences in the lattice strain matching
at the interface, which as noted above, is hypothesized to influence both the phase stability and
the growth stresses. For example, the Kurdjumov—Sachs orientation relationship provides for
~2.5% lattice strain for Cu/V but is ~11.6% in Cu/Nb [34]. Clearly, the lower mismatch strain
will change the associated free energies and provide for a very interesting (and comparative)
study. In addition, the adatom mobility of the bcc elements are different with V being
intrinsically low (or nominally tensile generating) and Nb being intrinsically high (or normally
compressive generating). All of these factors will impact the interfacial structure evolution and
corresponding in situ growth stress that contribute to phase stability in thin multilayered

materials.

4.3 Experimental Procedure

A series of Cu/V multilayers with equivalent individual layer thicknesses that varied from
0.3 nm to 20 nm or bilayer thickness from 0.6 nm to 40 nm were sputter-deposited onto [001] Si
substrates to a total layer thickness of ~200 nm. The films were grown by direct current sputter
deposition at room temperature (~25 °C) in an AJA ATC-1500 sputtering chamber. The pressure

of the sputtering chamber was <1.33 10 Pa prior to sputtering and kept at 0.133 Pa while ultra-
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high-purity argon was flowed through the chamber at a flow rate of 0.01 L/min as the working
gas.

A k-Space Associates multi-beam optic sensor (MOS) was used to measure the in situ
growth stresses during deposition [35]. The stresses in these films were calculated based on the
substrate curvature changes using the Stoney equation [36] given as

Eo ti(1 1
__ 5 Lt 1 42
I 6(1—Vs)tf[R Roj (42)

where ot is the film stress, Es is the Young’s modulus of the substrate, Vs is the Poisson’s ratio for
the substrate, ts is the substrate thickness, tr is the film thickness, and 1/Ro and 1/R are measured
curvatures of the film before and during/after deposition, respectively.

Small angle X-ray reflectivity (XRR) was conducted on a Philips X pert diffractometer
with a Cu Ka source (4 = 0.154nm) operated at 40 kV and 30 mA [37]. This diffraction
measured the final film thickness with the growth rate then computed by dividing that film
thickness by its growth time.

X-ray diffraction (XRD) was performed in a Bragg Brentano arrangement using a Bruker
D8 Diffractometer. The instrument used a Co Ka X-ray source (4 = 0.179 nm) operated at 40 kV
and 30 mA. The scans were collected at a continuous scan rate of 10°/min with a 2D detector.

Plan-view transmission electron microscopy (TEM) samples used for phase and
microstructure quantification were prepared by cutting a 3 mm discs from the film/substrates
using an ultrasonic cutter in a SiC aqueous slurry. The back-side of the 3 mm discs were then
ground with SiC metallographic paper to a thickness of ~100 pum followed by dimpling a crater
that resulted in the substrate being <10 pum using a 6 um diamond paste under a rotating wheel.
The dimpled samples were Ar ion-milled at 4.0 kV with a final ‘clean-up’ polish at 1 kV in a
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Gatan 691 precision ion polishing system (PIPS) until perforation. Cross-section TEM samples
were also prepared by an in situ lift-out procedure [38-41] using either a FEI Quanta 3D dual
beam focus ion beam (FIB)-scanning electron microscope (SEM) or a Tescan Lyra FIB-FESEM.
A step down ion current from 1.0 nA to 0.1 nA at 30 keV was used in the milling procedure. A
final 5 keV ‘clean-up’ was performed at a beam current of 50 pA to remove any surface damage
created by the ion milling [38]. The TEM foils where then imaged in a field emission FEI Tecnai
G2 F20 Super-twin transmission electron microscope (TEM) operated at 200 keV. Diffraction
patterns and high resolution TEM (HRTEM) images were captured by a SIA camera or a Gatan
CCD camera, respectively.

For chemical analysis of the interfaces, as well as the bulk of the films, atom probe
tomography (APT) samples were prepared again using a FIB lift-out technique [40]. Annular
milling patterns of increasingly smaller inner and outer diameters were used to sharpen each tip
into the required needle-like geometry [38-40] using the aforementioned FIBs. As with the TEM
cross-sections, a 5 kV and 50 pA ‘cleaning’ step was employed to minimize any surface damage
created by the initial higher keV milling [38]. The APT experiments were carried out in a
Cameca Scientific Instruments LEAP 5000XS. Thermally assisted field evaporation was used
with a 4 = 355 nm laser operated at 250 kHz with either 20 or 40 pJ-pulse’. The evaporation
parameters were controlled to maintain a constant evaporation rate of 0.005 ions per pulse. For
all measurements, the temperature of the sample were kept between a 30-40 K set point with a
chamber pressure < 108 Pa. The APT datasets were reconstructed using the Cameca Scientific

Instruments IVAS 3.3.12 software package following procedures outlined in Ref. [42].
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4.4 Experimental Results
4.4.1 Phase identification

Fig. 4. are the representative selected area electron diffraction (SAED) patterns of the
Cu/V samples. Fig. 4.1(a) confirmed that the 20 nm/20 nm Cu/V multilayer retained its “bulk”
phases (fcc for Cu and bcc for V) with clear ring distinctions. Diffraction rings of {111} Cu and
{110} V are merged because their d-spacings are very close to each other (0.209 nm for {111}
Cu and 0.214 nm for {110} V). Therefore a relatively brighter and thicker breath innermost ring
in Fig. 4.1(a) is observed. In the forthcoming cross-sectional diffraction patterns (Fig. 4.4), the
ability to resolve these two planes is possible. When the bilayer thickness was reduced to 4 nm,
Fig. 4.1(b), the multilayer retained the bulk phases; interestingly, all the prior reflections
observed at a 40 nm bilayer, Fig. 4.1(a), are retained except for the fcc Cu {200} ring, which is
now absent. Beyond a modest change in texture, it is not readily apparent why this reflection was
not satisfied in the diffraction condition. In addition, the {220} fcc ring and adjacent {211} bcc
ring became more difficult to distinguish in the pattern in Fig. 4.1(b); however, the intensity
profile does reveal the separate presence of each reflection. For 1 nm/1 nm Cu/V multilayer, Fig.
4.1(c), the rings were indexed as two bcc structures, as evident by the asymmetries around the
{110} reflection’s intensity profile. Furthermore, a careful review of the pattern itself reveals a
split in the {110} reflection indicated by the white arrow in Fig. 4.1(c), with this split not being
uniform around the circumference of the reflection evident in the symmetric intensity profile
shown next to the figure and taken across the location of the dashed red arrow. The cross-
sectional diffraction patters, as well as the forthcoming XRD results, confirm the Cu fcc-to-bcc
change. In Fig. 4.1(d), the 0.3 nm/0.3 nm Cu/V film again only revealed a single set of bcc rings.

Both Fig. 4.1(c) and (d) provided the strongest evidence of a fcc-to-bcc Cu phase transformation
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which has also been reported to occur in other systems when Cu was sufficiently thin [7, 22, 43,
44]. Our results would be consistent with those findings. It is worth to note that all the electron
diffraction analysis were conducted on the plan-view foils which have been shown to be less
susceptible to extraneous gas infiltration, such as hydrogen, which can provide an artifact in
stabilization [14, 45]. In such a case, a copper hydride is not a bcc phase but the wurtzite
structure [46] with distinguishable a- and c- lattice parameters. This provides further support that

the bce Cu transformed layer is stabilized by its contact with the bcc V interfaces.
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Fig. 4.1. Selected area electron diffraction patterns (taken under plan-view orientation) of
representative multilayered thin film (with their corresponding relative intensity profile taken
from the dashed arrow). (a) Diffraction pattern and intensity profile of 20 nm fcc Cu/20 nm bcc
V foil. (b) Diffraction pattern and intensity profile of 2 nm fcc Cu/2 nm bee V foil. (c)
Diffraction pattern and intensity profile of 1 nm bcc Cu/l nm bee V foil. (d) Diffraction pattern
and intensity profile of 0.3 nm bcc Cu/0.3 nm bcc V foil.
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Further confirmation of this phase change can be inferred from the X-ray diffraction
(XRD) scans plotted in Fig. 4.2. One of the complicating aspects of XRD interruption is the
appearance of additional reflections that arise from the periodicity of the multilayer stack. These
reflections, denoted as satellite reflections [47, 48], are highlighted by the red circles in the XRD
scan. As can be inferred, at the larger bilayer spacing, clear {111} Cu and {110} V peaks are
present and would be expected as they are the lowest surface energy structures for either the fcc
or bcc crystals respectively. As the bilayer layer thickness reduced, these peaks merged, evident
at 4 =10 nm. This retention of a single peak is still seen at A =4 nm. Though once could infer
this could be a phase transformation, the SAD pattern in Fig. 4.1(b) for the 4 =4 nm film clearly
showed both fcc Cu and bce V peaks. This demonstrates the importance of using a cross-
correlative diffraction comparison in determining the phases. Furthermore, as will be shown in
the HRTEM section, this multilayer formed a coherent interface with a near equivalent d-spacing
between the two layers which would explain the single XRD peak. At a 4 = 2 nm, where the fcc-
to-bcc Cu transition is evident by the SAD pattern in Fig. 4.1(c), this XRD peak is split. Again,
as will be shown in the HRTEM section, this result will be consistent in that the bcc Cu and bcec
V layers adopted independent d-spacing from each other. Finally, at A =1 and 0.6 nm, a single

bcc peak is present.
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Fig. 4.2. X-ray diffraction spectra of Cu/V multilayered film with different bilayer thickness (A1).
The dash line represents the standard bulk powder location for bcc V phase {110} reflection and
fcc Cu phase {111} reflection and the red circle represents satellite peaks.

4.4.2 In situ growth stress analysis

Fig. 4.3 is the in situ growth stresses for the various deposited films. In Fig. 4.3(a), the
stress thickness product vs. thickness curves with bilayer thicknesses equal to 40 nm, 10 nm, 4
nm, 2nm, and 0.6 nm are all shown. For these films, when they were in the post-coalescence
state [49], the stress-thickness product had an overall tensile behavior. When 4 of the multilayers
changed from 40 nm to 10 nm to 4 nm, the slopes of these curves reduced or in other words the
films’ growth stresses were becoming less tensile. Continuing to decrease the bilayer thickness
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from 4 nm to 2 nm and then to 0.6 nm, the slopes of the curves reverted from this decreasing
slope trend towards an ever increasing in tensile stress response. In each of these curves,
oscillations in the growth stresses can be observed with such oscillations scaling with the bilayer
wavelengths for each of the films.

The overall (or collective) slope of these films, which is the growth stress, is plotted
against their respective bilayer spacing in Fig. 4.3(b). As discussed in reference to Fig. 4.3(a),
the tensile growth stress first decreased, with the lowest tensile growth stress being at the bilayer
thickness of 4 nm, and then increased with ever further reductions in the bilayer spacing. How
the stress evolved for each layer pair is shown in the magnified image for the 5 nm/5 nm and 1
nm/1 nm Cu/V thin films in Fig. 4.3(c) and (d). For the 5 nm/5 nm fcc Cu/bce V multilayer, Fig.
4.3(c), the first deposited Cu adatoms grew in a very compressive stress state (negative slope) on
the V surface. When the Cu continued to thicken, its growth stress recovered to approximately
50% above its initial deposited stress value and retained that stress state in a relatively invariant
condition for its continued growth at this layer thickness. When V then grew on this Cu surface,
the growth stress became tensile evident by a very positive, steep slope. Interestingly, the V film
then revealed a fluctuated stress behavior as it thickened evident by the “V-shape” stress
response in its representative stress plot in Fig. 4.3(c).

For the 1 nm /1 nm bce Cu/bee V multilayer, Fig. 4.3(d), the Cu grew compressive on the
V surface and V grew tensile on Cu surface. The Cu layer now exhibited growth stress

fluctuations similar to the V layer observed in the 5 nm/5 nm multilayer shown in Fig. 4.3(c).
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Fig. 4.3. Stress evolution of Cu/V multilayers during sputtering deposition. (a) Stress evolution
of the stress-thickness product verses thickness. (b) Growth stress verses bilayer thickness curve.
(c) Magnified image of the 5 nm fcc Cu/5 nm bec V multilayer. (d) Magnified image of the 1 nm
bce Cu/l nm bee V multilayer.

4.4.3 Interfacial structure evolution

The HRTEM images of the cross-section TEM samples in Fig. 4 are for a series of
selected multilayers that revealed the interfacial structure as the phase transformation developed
as the bilayer thickness reduced. Corresponding cross-sectional SAED patterns are inserted next
to each HRTEM images, with the patterns in agreement to the previous plan-view SAED

patterns reported in Fig. 4.1. The only difference noted between these two types of SAED

patterns was the ability to distinguish the {110} V and {111} Cu reflection at A = 40 nm, Fig.
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4.4(a). For this ‘bulk’ 20 nm/20 nm fcc Cu/bee V multilayer, misfit dislocations were found to
exist in the Cu layer at the Cu/V interface, Fig. 4.4(a), indicating a semi-coherent structure [50].
The HRTEM image of 2 nm/2 nm fcc Cu/bcc V multilayer, Fig. 4.4(b), revealed a coherent
interface with stacking faults in the Cu layer that formed parallel to the interface. The d-spacing
of the Cu and V layers for this multilayer were very similar (0.212 nm-0.213 nm) indicating that
the volume of each layer was sufficiently small to accommodate the strain energy that followed
the creation of a coherent interface. As noted above, the presence of a single d-spacing was
consistent with the single XRD peak seen in Fig. 4.2. Interestingly, the nominal abcabc...fcc
stacking was not as evident in the Cu cross-sectional image and is contributed to the stacking
faults that have formed a local hcp abab...stacking sequence in these layer. This faulting is
highlighted by the circled region and white line in the image to guide the eye. Though one could
potentially infer the Cu stacking as bcc, the SAED patterns in both the plan-view, Fig. 4.1(b),
and cross-section, Fig. 4.4(b), confirm the fcc with the HRTEM indicating spatially localized
stacking faults.

Decreasing the bilayer thickness to 2 nm, Fig. 4.4(c), the interfaces were free of any
observable misfit dislocations and stacking faults. However, the d-spacing across the interface in
each layer was different, with bcc Cu being 0.205 nm and the bcc V being 0.219 nm, which
would also match the split in the bcc phase peaks in the XRD scan of Fig. 4.2 for the same
bilayer multilayer. The lack of stacking faults also provides indirect evidence of the
transformation as it is a common deformation mechanism seen in fcc Cu [51] but could be absent
now that Cu has changed its structure. In Fig. 4.4(d), which is the thinnest bilayer of 0.3 nm/0.3
nm bcc Cu/bec V, the individual layers were difficult to distinguish which is contributed to a

high degree of intermixing that has been noted to occur in sputtered multilayers at these
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thicknesses [52]. Along the film growth direction, the d-spacing of this film was similar at a
value of ~0.207 nm and consistent with the single d-spacing measured in the XRD scan.

Using the HRTEM images, we have also identified the orientation relationships between
the Cu/V films. Fig. 4.5 are Fast Fourier Transforms (FFT) that revealed that both Kurdjumov—
Sachs {(111)fcc//(110)bcc, [110]fec//[111]nec} [53] and Nishiyama-Wassermann {(111)fcc//(110)bec,
[110]+c//[100]0cc} [54] orientations seen in the bulk phase structures. The presence of both
orientations is contributed to the near equivalent lattice strain differences between the two
orientations, ~2.5%, for these materials and the rapid growth of the materials from the sputtering
process. This strain appears to have been sufficient to nucleate misfit dislocations at these bulk

phase interfaces, Fig. 4.4(a).
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Fig. 4.4. HRTEM cross-sectional images of selected Cu/V multilayers. The cross-sectional
SAED patterns were inserted. The figures are (a) 20 nm fcc Cu/20 nm bee V multilayers at
interface with the present of misfit dislocation and semi-coherent interface. (b) 2 nm fcc Cu/2 nm
bce V multilayers with stacking faults in the Cu layer very near the coherent interface. (¢) 1 nm
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multilayer.
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Fig. 4.5. HRTEM cross-sectional images of 20 nm fcc Cu/20 nm bce V multilayers (at interface).
The Fast Fourier Transforms are inserted revealing (a) Kurdjumov—Sachs and (b) Nishiyama-
Wasserman orientation relationships.

4.4.4 Chemical analysis during phase transformation

To further elucidate the chemical modulation of the multilayers, especially for the small
bilayer thicknesses, APT analysis was performed. Fig. 6 are the 3D reconstructions of the atom
probe results for the 5 nm/5 nm, 1 nm/1 nm and 0.3 nm/0.3 nm Cu/V multilayers respectively
[55]. From the cross-section atom probe ion maps of the 5 nm/ 5 nm Cu/V multilayers, Fig. 6(a),
a 1D concentration profile is plotted, Fig. 6(b), along the direction normal to the interfaces. The
layered structure is clearly shown and the intermixing width across the interfaces is < 2 nm, Fig.
6(b). Fig. 6(c) is the 1 nm/1 nm Cu/V multilayers atom map with the compositional profile, Fig.
6(d), revealing a very high proportion of intermixing of V into the Cu layers and nearly no
intermixing of Cu into V layers. Fig. 6(e) is the atom map for the 0.3 nm/0.3 nm film which
confirmed a highly intermixed multilayer; however, a modest chemical modulation still exists
between the layers evident in the spatial distribution map of Fig. 6(f). This result is in agreement
with the prior HRTEM image, Fig. 4(d), of the same bilayer multilayer of a highly intermixed
film. The mixing of the thinnest layers can be expected by the energetic deposition of sputtering
where arrival energies coupled with modest surface roughness can facilitate such mixing.
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Fig. 4.6. APT analysis of selected Cu/V multilayers. (a) Cross-section atom ion map of the 5
nm/5 nm Cu/V multilayer. (b) 1D concentration profile along the indicated direction in (a). (c)
Cross-section atom ion map of the 1 nm/1 nm Cu/V multilayer. (d) 1D concentration profile
along the indicated direction in (c). (e) Cross-section atom ion map of the 0.3 nm/0.3 nm Cu/V
multilayer. (f) Spatial distribution map along the indicated direction in (e).

4.5 Discussion

According to the thermodynamic approach proposed by Dregia et al. [3], the relationship
between chemical free energy and interfacial energy determines the phase stability of each
individual layer [3, 14]. For equal layer thicknesses, as the bilayer thickness decreased in this

system, the fcc Cu phase transformed to a bce Cu phase once its layer thickness was < ~ 1 nm,
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which would be the transition point between these two energies. This phase change then revealed
a dramatic effect on the growth stresses of the multilayers. In the current Cu/V system, Fig. 4.3,
the overall in situ tensile growth stress reduced as the bilayer thickness decreased; however,
upon phase transforming the Cu layer, this trend changed. Similar changing stress phenomenon
has been observed in Cu/Nb [22]. As the bilayer thickness reduced in the bulk stabilized phases
regime of Cu/Nb, the films’ stress trended towards a more compressive stress state. Upon Cu’s
fce-to-bece transformation in Cu/Nb, the compressive stress relaxed or migrated towards a more
tensile stress condition. This similar trend of Cu transition trending towards a more tensile stress
state with its phase change is observed here in Cu/V, Fig. 4.3(b). But, unlike the Cu/Nb system,
this film retained an absolute tensile stress value rather than an absolute compressive stress value
as seen in Cu/Nb trend.

One of the strongest evidences that the stabilization of the bcc Cu is driven by a chemical
free energy reduction is the presence of two different d-spacing values in the layers for the bcc
Cu/bcc V multilayer, Fig. 4.4(c), at A = 2 nm. Here the HRTEM image confirmed the abab...bcc
stacking in both layers but different lattice values. Furthermore, the XRD scan of Fig. 4.2
revealed a clear split in the bcc peak at this bilayer spacing. Though a Bain strain is often
associated with the stabilization of the bcc Cu phase [29-31], at least in the Cu/V multilayer, the
energetics to phase change to bcc Cu appear not to be solely driven by a strain energy
consideration. This statement is concluded by the observation that the bcc Cu phase retained a
separate bcc d-spacing other than that of the bcc V at 4 = 2 nm. This d-spacing is equivalent to
an ance = 0.290 nm lattice parameter. Lu et al. [29] performed first principle calculations for a bcc
Cu phase and noted its bcc lattice parameter would be 0.284 nm. The differences between our

experiment and this prediction could be contributed to the experimental system having some
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amount of V intermixing (noted in our APT results) and potential strain created by the interface.
In addition, the computational prediction was done at absolute zero, where our experimental film
is at 298 K. In actuality, the matching strained value for Cu was found at A = 4 nm, when Cu was
still fcc and the interfaces being coherent, albeit the Cu layer forming stacking faults in response
to the strain.

Using both the phase and interfacial structure, we now can discuss how the film’s overall
growth stresses evolved. As the bilayer thickness decreased, while retaining the bulk phase
structures, the tensile stress decreased. This is contributed to the ever decreasing lattice spacings
at the interfaces. For example, at A = 40 nm, the fcc Cu d111 =0.208 nm and bcc V d110 = 0.216
nm, values are very near their bulk equilibrium values [49]. However, at A =4 nm, the d-spcaing
for both bulk phase films were nearly equivalent at ~0.212 nm, which placed the V in
compression. Though this would suggest a tensile stress in Cu, recall at this bilayer spacing, the
Cu formed stacking faults near the interface that created at local abab...stacking making a direct
comparision to a abcabc...stacking d-spacing not as applicable. The formation of Cu stacking
faults at interfaces has been reported in Cu/Ag multilayers [56]. Here, these stacking faults have
been suggested to weaken the Cu/Ag interfacial stress by balancing the d-spacings across the
interfaces, which is what is observed in this case where nearly equivalent d-spacing values are
noted across the Cu/V interface. This collective strain created by the reduction in the bilayer
spacing helped to reduce the absolute tensile growth stress response.

Once the Cu layer phase transformed, at or near A = 2 nm, the film recovered some of its
tensile stress, Fig. 4.3(b). Here, a change in the strained Cu and V layers occurred, evident by the

separate d-spacings they adopted, Fig. 4.4(c), which now contributed to a relaxation of the
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compressive stresses. Thus, changes in phase had a dramatic impact on the residual growth
stresses of this multilayer.

With this new bcc Cu phase, the prior fcc stacking faults in the Cu layer disappeared and
a coherent interface between the two metal species was noted. The interfacial energy of such a
coherent interface would be lower than a semi-coherent interface because of the absence of
misfit dislocations. The measured lattice misfit value of the {110} d-spacing of the Cu and V
layers was 6.8%. Such a strain would also contribute to the change in the observed stress
response of the film towards a higher tensile stress condition, Fig. 4.3(b), which is what is
observed.

Continued reduction of the bilayer thickness to 0.6 nm increased the film’s tensile growth
state. Though these layers were highly intermixed, the spatial distribution map, Fig. 4.6(f),
confirmed that a modulated chemical structure was still present which would continue to
contribute, structurally, to a strained, albeit highly intermixed, multilayer. The growth stress
increases here could be contributed to a reduction of the {110} V plane (a d-pacing change from
0.219 nm to 0.207 nm) as well as the presence of preferential Cu incorporation within its layer
that was noted to occur even at 1 nm/1 nm.

The APT results in Fig. 4.6 further demonstrated a preferential intermixing of V atoms
into the Cu layers. This asymmetrical intermixing, which has also been seen in Nb mixing with
Ti layers in Ti/Nb multilayers [18], can provide clues into possible adatom exchange
mechanisms at interfaces during sputtering. According to the work done by Mezey et al. [57], the
surface free energy ratio of yv/ycu is 1.49 at 298 K. Therefore, as 1 to 2 monolayers of Cu
deposits onto the surface of V, rather than intermixing into the V layers below, the Cu atoms are

energetically more favorable to reside on the surface to reduce V’s surface energy [26]. Since the
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Cu atoms have higher mobility, they will then infuse themselves into defect gaps, such as grain
boundaries, created on the V surface. This incorporation could also explain the compressive
growth stresses observed in the initial sputtering of Cu onto the V surface, Fig. 4.3(c). Such an
incorporation would follow the kinetic model proposed by Chason et al. [28] where compressive
stresses are a result of excess adatoms diffusing from the surface into the grain boundaries.
Continuing the Cu deposition, the surface enriches with Cu and the Cu islands will then
“elastically stretch” towards each other and the initial compressive growth stress is recovered
[26]. As a consequence of this intermixing, the V atoms (being bcc) would help to stabilize the
bce Cu by reducing the volumetric energy penalty for such a phase transformation [16, 18].

When V is sputtered onto the surface of Cu, the large surface free energy differences will
drive the initial V atoms to surface exchange with the Cu atoms in order to enrich the surface
with Cu to lower the surface energy [58]. Thus, we are able to see Cu atoms being preferentially
incorporated into the V layers as the V layer grows but is not a reversible exchange when Cu is
gown on V. Such an asymmetric exchange mechanism has been proposed, modeled and
observed in CoFe/Cu/CoFe multilayers [59]. After 1 to 2 monolayers, the V atoms exchange
mechanism would gradually decrease as more and more arriving V adatom overwhelm the
surface and the now V layer will exhibit the characteristic tensile growth stress because of its low
adatom mobility [27]. The stress fluctuations noted in the V layer is likely contributed to the
migration of the Cu atoms in these V layers as they grow.

Interestingly, Cu/Nb and Cu/V systems have a similar positive heat of mixing (about 5 kJ
mol™?) [60, 61] and, like the Cu/Nb multilayers previously reported by the authors [22], the Cu/V
films were highly intermixed when A decreased to ~1 nm or less. But, unlike the previous Cu/Nb

multilayers, which has an additional amorphous transformation [22], the Cu/V multilayer did not
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vitrify even at the 4 = 0.6 nm condition. A similar tendency for resisting the glassy phase
formation was reported in the deformation induced interfacial intermixing in Cu/V
nanocomposite wires by Sauvage et al. [62]. Unlike Cu/Nb (and Cu/Ag) laminates, which
vitrified from intermixing [63, 64], in their work Cu/V was resistant to that behavior. They
concluded that this difference may be linked to the larger free energy difference of the solid
solution of the amorphous phase than that of the heat of mixing effects [62]. Our results would
be consistent with their findings that intermixing of Cu/V at smaller length scales does not

promote vitrification of the alloy.

4.6 Summary

In the present study, the phase stability and the corresponding in situ growth stresses of
Cu/V multilayers were investigated. Upon decreasing the bilayer from A =40 nm to 4 nm, the Cu
and V layers retained their bulk phase states and the tensile stress reduced (trended towards a
more compressive film). This has been contributed to the layers being constrained with each
other leading to the eventual formation of a coherent interface. At the thinnest of these bulk
stabilized bilayers, the Cu layer formed stacking faults at the interface. This was contributed to
its response to the induced deformation where a local abab...stacking spacing approximately
equivalent to the V d-spacing in the same growth orientation.

Further reductions in the bilayer spacing facilitated the onset of a fcc-to-bcc Cu phase
transformation. The stabilization of bcc Cu resulted in a separate d-spacing for both layers,
which was confirmed by HRTEM cross-sectional micrographs as well as a splitting in the XRD
peak. The lattice parameter also matched well to a first principle computational prediction for

bce Cu. This finding would then suggest that thermodynamic energy considerations, beyond
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Bain-based strain mechanisms, are significant in the stabilization of bcc Cu in this particular
system.

At the thinnest bilayer spacings, the multilayer reverted to a single d-spacing for all
layers, which were highly intermixed. However, spatial distribution maps confirmed a modest
chemical modulation between the Cu and V layers. With the change in phase, the multilayers
reverted to a ever increasing tensile growth stress. Unlike Cu/Nb multilayers, at these thinnest
layers, the Cu/V film did not vitrify. Finally, the intermixing of Cu/V, a nominally immiscible
system, has been explained in terms of a surface exchange mechanism. The results of this work
demonstrate the impact of phase stability on the intrinsic growth stresses in thin films and means
to potentially tune residual film stress through bilayer spacings and/or phase stability of

individual layers within a multilayered film stack.

4.7 Acknowledgement
The authors would like to acknowledge the support of the National Science Foundation,
DMR-1207220, and the Central Analytical Facility at the University of Alabama in support of

this study.

91



4.8 References

[1] H. Huang, F. Spaepen, Tensile testing of free-standing Cu, Ag and Al thin films and Ag/Cu
multilayers, Acta Materialia 48(12) (2000) 3261-3269.

[2] S.L. Lai, J.Y. Guo, V. Petrova, G. Ramanath, L.H. Allen, Size-Dependent Melting Properties
of Small Tin Particles: Nanocalorimetric Measurements, Phys. Rev. Lett. 77(1) (1996) 99-102.

[3] S. Dregia, R. Banerjee, H. Fraser, Polymorphic phase stability in thin multilayers, Scripta
materialia 39(2) (1998) 217-223.

[4] B. Gilbert, H. Zhang, F. Huang, M.P. Finnegan, G.A. Waychunas, J.F. Banfield, Special
phase transformation and crystal growth pathways observed in nanoparticles, Geochemical
Transactions 4(4) (2003) 20-27.

[5] P. Boher, F. Giron, P. Houdy, P. Beauvillain, C. Chappert, P. Veillet, Structural and magnetic
properties of diode radioK frequency sputtered Cr/Co multilayers, J. Appl. Phys. 70(10) (1991)
5507-5511.

[6] W.A. Jesser, J.W. Matthews, Evidence for Pseudomorphic Growth of Iron on Copper, Philos.
Mag. 15(138) (1967) 1097-&.

[7] H. Kung, Y.-C. Lu, A.J. Griffin, M. Nastasi, T.E. Mitchell, J.D. Embury, Observation of
body centered cubic Cu in Cu/Nb nanolayered composites, Appl. Phys. Lett. 71(15) (1997)
2103-2105.

[8] B.M. Ocko, I.K. Robinson, M. Weinert, R.J. Randler, D.M. Kolb, Thickness Induced
Buckling of bcc Copper Films, Phys. Rev. Lett. 83(4) (1999) 780-783.

[9] W. Vavra, D. Barlett, S. Elagoz, C. Uher, R. Clarke, Structural transition in epitaxial Co-Cr
superlattices, Physical Review B 47(9) (1993) 5500-5503.

[10] H. Wormeester, E. Huger, E. Bauer, hcp and bee Cu and Pd Films, Phys. Rev. Lett. 77(8)
(1996) 1540-1543.

[11] J.S. Bowles, C.M. Wayman, The bain strain, lattice correspondences, and deformations
related to martensitic transformations, MT 3(5) (1972) 1113-1121.

[12] R. Bruinsma, A. Zangwill, Structural Transitions in Epitaxial Overlayers, J Phys-Paris
47(12) (1986) 2055-2073.

[13] R. Bruinsma, A. Zangwill, Morphological Transitions in Solid Expitaxial Overlayers, EPL
(Europhysics Letters) 4(6) (1987) 729.

[14] R. Banerjee, S.A. Dregia, H.L. Fraser, Stability of f.c.c. titanium in titanium/aluminum
multilayers, Acta Materialia 47(15-16) (1999) 4225-4231.

92



[15] G.B. Thompson, R. Banerjee, S.A. Dregia, H.L. Fraser, Phase stability of bcc Zr in Nb/Zr
thin film multilayers, Acta Materialia 51(18) (2003) 5285-5294.

[16] G.B. Thompson, R. Banerjee, S.A. Dregia, M.K. Miller, H.L. Fraser, A Comparison of
Pseudomorphic Bcc Phase Stability in Zr/Nb and Ti/Nb Thin Film Multilayers, J. Mater. Res.
19(03) (2004) 707-715.

[17] G.B. Thompson, R. Banerjee, H.L. Fraser, Predicting pseudomorphic phases in multilayers:
Hexagonal-closed-packed Nb in Nb/Zr, Appl. Phys. Lett. 84(7) (2004) 1082-1084.

[18] L. Wan, X.-x. Yu, G.B. Thompson, Phase stability and in situ growth stresses in Ti/Nb thin
films, Acta Materialia 80 (2014) 490-497.

[19] R.O.E. Vijgen, J.H. Dautzenberg, 22nd International Conference on Metallurgical Coatings
and Thin FilmsMechanical measurement of the residual stress in thin PVD films, Thin Solid
Films 270(1) (1995) 264-269.

[20] E.G. Fu, N. Li, A. Misra, R.G. Hoagland, H. Wang, X. Zhang, Mechanical properties of
sputtered Cu/V and Al/Nb multilayer films, Materials Science and Engineering: A 493(1-2)
(2008) 283-287.

[21] Y. Chen, Y. Liu, C. Sun, K.Y. Yu, M. Song, H. Wang, X. Zhang, Microstructure and
strengthening mechanisms in Cu/Fe multilayers, Acta Materialia 60(18) (2012) 6312-6321.

[22] Q. Guo, L. Wan, X.-x. Yu, F. Vogel, G.B. Thompson, Influence of phase stability on the in
situ growth stresses in Cu/Nb multilayered films, Acta Materialia 132 (2017) 149-161.

[23] L. Wan, G. Thompson, Influence of Fe underlayers on stress evolution of Ti in Ti/Fe
multilayers, Journal of Vacuum Science & Technology A: Vacuum, Surfaces, and Films 34(6)
(2016) 061501.

[24] R.C. Cammarata, T.M. Trimble, D.J. Srolovitz, Surface stress model for intrinsic stresses in
thin films, J. Mater. Res. 15(11) (2000) 2468-2474.

[25] C. Friesen, C.VV. Thompson, Correlation of Stress and Atomic-Scale Surface Roughness
Evolution during Intermittent Homoepitaxial Growth of (111)-Oriented Ag and Cu, Phys. Rev.
Lett. 93(5) (2004) 056104.

[26] S.C. Seel, C.V. Thompson, S.J. Hearne, J.A. Floro, Tensile stress evolution during
deposition of Volmer—Weber thin films, J. Appl. Phys. 88(12) (2000) 7079-7088.

[27] B. Fu, W. An, C.H. Turner, G.B. Thompson, In Situ Thin Film Growth Stresses during
Chemical Ordering, Phys. Rev. Lett. 105(9) (2010) 096101.

[28] E. Chason, B.W. Sheldon, L.B. Freund, J.A. Floro, S.J. Hearne, Origin of Compressive
Residual Stress in Polycrystalline Thin Films, Phys. Rev. Lett. 88(15) (2002) 156103.

93



[29] Z. Lu, S.-H. Wei, A. Zunger, Absence of volume metastability in bcc copper, Physical
Review B 41(5) (1990) 2699.

[30] D. Isheim, M.S. Gagliano, M.E. Fine, D.N. Seidman, Interfacial segregation at Cu-rich
precipitates in a high-strength low-carbon steel studied on a sub-nanometer scale, Acta
Materialia 54(3) (2006) 841-849.

[31] N. Maruyama, M. Sugiyama, T. Hara, H. Tamehiro, Precipitation and phase transformation
of copper particles in low alloy ferritic and martensitic steels, Materials Transactions, JIM 40(4)
(1999) 268-277.

[32] Y. Chen, Y. Liu, E.G. Fu, C. Sun, K.Y. Yu, M. Song, J. Li, Y.Q. Wang, H. Wang, X.
Zhang, Unusual size-dependent strengthening mechanisms in helium ion-irradiated immiscible
coherent Cu/Co nanolayers, Acta Materialia 84 (2015) 393-404.

[33] A. Misra, J.P. Hirth, R.G. Hoagland, Length-scale-dependent deformation mechanisms in
incoherent metallic multilayered composites, Acta Materialia 53(18) (2005) 4817-4824.

[34] M.J. Demkowicz, R.G. Hoagland, Structure of Kurdjumov-Sachs interfaces in simulations
of a copper—niobium bilayer, J. Nucl. Mater. 372(1) (2008) 45-52.

[35] C. Taylor, D. Barlett, E. Chason, J. Floro, A Laser-Based Thin-Film Growth Monitor,
Industrial Physicist 4(1) (1998) 25.

[36] G.G. Stoney, The Tension of Metallic Films Deposited by Electrolysis, Proceedings of the
Royal Society of London. Series A, Containing Papers of a Mathematical and Physical Character
82(553) (1909) 172-175.

[37] B.E. Warren, X-ray Diffraction, Courier Corporation1969.

[38] P.J. Felfer, T. Alam, S.P. Ringer, J.M. Cairney, A reproducible method for damage-free
site-specific preparation of atom probe tips from interfaces, Microscopy Research and Technique
75(4) (2012) 484-491.

[39] G.B. Thompson, M.K. Miller, H.L. Fraser, Some aspects of atom probe specimen
preparation and analysis of thin film materials, Ultramicroscopy 100(1-2) (2004) 25-34.

[40] K. Thompson, D. Lawrence, D.J. Larson, J.D. Olson, T.F. Kelly, B. Gorman, In situ site-
specific specimen preparation for atom probe tomography, Ultramicroscopy 107(2-3) (2007)
131-139.

[41] L.A. Giannuzzi, F.A. Stevie, A review of focused ion beam milling techniques for TEM
specimen preparation, Micron 30(3) (1999) 197-204.

[42] J.G. Brons, A.A. Herzing, K.T. Henry, 1.M. Anderson, G.B. Thompson, Comparison of
atom probe compositional fidelity across thin film interfaces, Thin Solid Films 551 (2014) 61-67.

94



[43] Z.Q. Wang, S.H. Lu, Y.S. Li, F. Jona, P.M. Marcus, Epitaxial growth of a metastable
modification of copper with body-centered-cubic structure, Physical Review B 35(17) (1987)
9322-9325.

[44] A. Geng, Phase Stability in Metallic Multilayers, Materials Science and Engineering, The
Ohio State University, 2008, p. 198.

[45] G. Thompson, R. Banerjee, H. Fraser, Specimen Dependent Milling Directions for Correct
Phase Identification in Multilayered Thin Films, Microscopy and Microanalysis 9(S02) (2003)
370-371.

[46] J. Goedkoop, A. Andresen, The crystal structure of copper hydride, Acta Crystallogr. 8(2)
(1955) 118-119.

[47] E.E. Fullerton, I.K. Schuller, H. Vanderstraeten, Y. Bruynseraede, Structural refinement of
superlattices from x-ray diffraction, Physical Review B 45(16) (1992) 9292.

[48] I.K. Schuller, New class of layered materials, Phys. Rev. Lett. 44(24) (1980) 1597.
[49] F. Spaepen, Interfaces and stresses in thin films, Acta Materialia 48(1) (2000) 31-42.

[50] D.A. Porter, K.E. Easterling, M. Sherif, Phase Transformations in Metals and Alloys,
(Revised Reprint), CRC press2009.

[51] C. Wagner, Stacking faults by low-temperature cold work in copper and alpha brass, Acta
Metall. 5(8) (1957) 427-434.

[52] E. Horache, J. VVan Der Spiegel, J. Fischer, Ti/Ni bilayers on silicon: Sputter-induced
intermixing, rapid thermal annealing and ternary silicide formation, Thin Solid Films 177(1-2)
(1989) 263-270.

[53] G. Kurdjumov, G. Sachs, Over the mechanisms of steel hardening, Z. Phys 64 (1930) 325-
343.

[54] Z. Nishiyama, X-ray investigation of the mechanism of the transformation from face
centered cubic lattice to body centered cubic, Science Reports of Tohoku Imperial University 23
(1934) 634-637.

[55] D.J. Larson, T.J. Prosa, R.M. Ulfig, B.P. Geiser, T.F. Kelly, Local electrode atom probe
tomography, New York, US: Springer Science (2013).

[56] J.M. Howe, Interfaces in materials, (1997).

[57] L.Z. Mezey, J. Giber, The Surface Free Energies of Solid Chemical Elements: Calculation
from Internal Free Enthalpies of Atomization, Jpn. J. Appl. Phys. 21(11R) (1982) 15609.

[58] B.M. Clemens, W.D. Nix, V. Ramaswamy, Surface-energy-driven intermixing and its effect
on the measurement of interface stress, J. Appl. Phys. 87(6) (2000) 2816-2820.

95



[59] X.W. Zhou, H.N.G. Wadley, R.A. Johnson, D.J. Larson, N. Tabat, A. Cerezo, A.K. Petford-
Long, G.D.W. Smith, P.H. Clifton, R.L. Martens, T.F. Kelly, Atomic scale structure of sputtered
metal multilayers, Acta Materialia 49(19) (2001) 4005-4015.

[60] C. Michaelsen, C. Gente, R. Bormann, The thermodynamics of amorphous phases in
immiscible systems: The example of sputter-deposited Nb—Cu alloys, J. Appl. Phys. 81(9) (1997)
6024-6030.

[61] F. Boer, R. Boom, W. Mattens, A. Miedema, A. Niessen, Cohesion in Metals: Transition
Metal Alloys (Cohesion and Structure), North Holland, Amsterdam, 1989.

[62] X. Sauvage, C. Genevois, G. Da Costa, V. Pantsyrny, Atomic scale characterization of
deformation-induced interfacial mixing in a Cu/V nanocomposite wire, Scripta Materialia 61(6)
(2009) 660-663.

[63] X. Sauvage, L. Renaud, B. Deconihout, D. Blavette, D.H. Ping, K. Hono, Solid state
amorphization in cold drawn Cu/Nb wires, Acta Materialia 49(3) (2001) 389-394.

[64] S. Ohsaki, K. Yamazaki, K. Hono, Alloying of immiscible phases in wire-drawn Cu-Ag
filamentary composites, Scripta Materialia 48(12) (2003) 1569-1574.

96



CHAPTER 5
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5.1 Abstract

In-situ TEM nanoindentation of a polycrystalline Cu film was cross-correlated with
precession electron diffraction (PED) to quantify the microstructural evolution. The use of PED
is shown to clearly reveal features, such as grain size, that are easily masked by diffraction
contrast created by the deformation. Using PED, the accompanying grain refinement and change
in texture as well as the preservation of specific grain boundary structures, including a 3
boundary, under the indent impression was quantified. The nucleation of dislocations, evident in
low angle grain boundary formations, were also observed under the indent. PED quantification
of texture gradients created by the indentation process linked well to bend contours observed in
the bright field images. Finally, PED enabled a local orientation spread map to be generated
which gave an approximate estimation of the spatial distribution of strain created by the

indentation impression.
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5.2 Introduction

Understanding plastic deformation responses of polycrystalline materials lends insight
into how grains cooperatively deform in a microstructure. For example, deformation can result in
grain growth, grain rotation, and grain boundary structure changes [1-3]. Over the past decade,
scanning electron microscopy (SEM) in-situ mechanical deformation has been successfully
correlated to electron backscattered diffraction (EBSD) to capture several of these phenomena
[4]. EBSD provides quantitative information concerning grain size, grain misorientation (i.e.
grain boundary types), and texture. By capturing the same grain(s) under deformation,
researchers are able to better understand how microstructures accommodate deformation from
which modeling verification and validation can be achieved. For example, the use of local
orientation spread (LOS) mapping from EBSD images has enabled dislocation densities, based
on geometrically necessary dislocation (GND) arrangements, to be estimated [5]. Such
information has been invaluable in quantifying structural changes observed in fine or ultrafine
grained materials [6, 7]. Though great strides in cross-correlative SEM-EBSD mapping with
regards to deformation has been achieved, this diffraction technique is largely limited to grain
sizes of approximately 100 nm or larger.

Similar to in-situ SEM based deformation techniques, a parallel set of experiments can be
done using transmission electron microscopy (TEM). Here, the samples comprise of electron
transparent foils, making them more precarious to work with in loading applications, but
allowing for imaging of much smaller grains [2, 8]. Additionally, in-situ TEM deformation
imaging allows one to observe behavior that cannot be seen in the SEM, such as Orowan
strengthening [9], confined dislocation propagation in multilayers [10], nanoscale crack

propagation of a bending beam [11], and slip in metal alloys [12]. Through these and many
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other studies have again provided invaluable information concerning material deformation, they
have all been largely limited to the use of bright field, dark field and high resolution imaging to
determine the microstructural changes. Furthermore, dynamical diffraction in the TEM coupled
with an evolving deformed crystal, creates variable contrast that can mask features within the
microstructure when they are under load. Arguably, this has made statistically meaningful
evaluation of grain size distribution, orientation/texture changes, and grain boundary evolution
difficult.

In recent years, precession electron diffraction (PED) has emerged as a robust means for
providing grain size, grain boundary misorientation, texture, and phase identification mapping
within the TEM [13-15]. PED, like EBSD, provides similar microstructural information but now
at spatial resolutions of approximately 5 nm and larger [13, 15]. By precessing the transmitted
electron diffraction beam, the beam yields a pseudo-kinematical intensity while slicing through
more of reciprocal space enabling more diffraction spots to be captured which ultimately
increases the indexing confidence. Using an off-line data analysis program, the PED patterns are
then analyzed to reveal the grain orientation. By serially scanning the converged, precessed
beam, a point-by-point map is generated where changes in orientation yields EBSD-like data
sets. To date, PED has successfully been applied to mapping grain growth [16], ion irradiation of
granular structures [17], and heavy deformed metals with ultrafine grains [18] to name a few.
Similarly, it has been applied to in-situ TEM deformation studies such as high cycle fatigue of
nanocrystalline Cu grains [19] and the tensile responses in a nanocrystalline Au film [20].

In this paper, we aim to expand upon these types of correlated in-situ PED studies by
nanoindentation of a Cu polycrystalline thin film. Nanoindentation will induce a much more

localized deformation response, creating increased diffraction contrast, which may prevent clear
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identification of microstructural features [21]. By quantifying the grain structure pre- and post-
indent, we can then determine how the microstructure responds to such highly localized

deformation.

5.3 Experimental Procedure

A polycrystalline Cu thin film was sputter-deposited from an elemental target at ambient
temperature (~23 °C) onto a Si wedge in an AJA ATC-1500 sputtering chamber to a film
thickness of 1.3 um. By using a Si wedge substrate, acquired from Bruker (PN#5-0922), the film
was grown directly on the edge of the wedge in a condition that made it directly electron
transparent. To further improve the electron transparency, we utilized focus ion beam milling
parallel to the wedge surface to create a more uniform and continuous transparent foil that was
10 um in width x 2 um in height and < 100 nm in thickness from the surface of the film to the
substrate. This milling was achieved in a Tescan Lyra 3XM dual SEM-FIB following the
thinning procedure described in references [22-24]. Initial thinning was done at 30 keV with step
down ion currents from 0.1 nA to 0.03 nA. A subsequent low kV clean-up at 5 keV at a beam
current of 30 pA was done to remove any surface damage created by the Ga* implantation into
the sidewalls of the foil [25]. Once milled, the wedge/film was silver epoxy mounted to a custom
holder for attachment to a Bruker Picolndenter PI1-95.

The Bruker Picolndenter P1-95 is a specialized designed TEM holder that can provide
controlled nanoindentation via a micro-electro-mechanical system transducer while
simultaneously providing quantitative load and displacement measurements. In these
experiments, we utilized a cube corner diamond tip at a loading rate of 0.5 nm/s to a

displacement of 175 nm, which provided a maximum 9.1 uN load on the film. The film was
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characterized and mechanically tested inside a FEI Tecnai G2 F20 Super-twin (Scanning)
Transmission Electron Microscope ((S)TEM) operated at 200 keV and fitted with a
NanoMEGAS® ASTAR precession electron diffraction (PED) orientation identification
platform. To achieve a reasonable electron beam interaction volume and maintain high spatial
resolution of the PED scans, the precession angle was maintained at 0.3° [26] with a step size of

5 nm.

5.4 Experimental Results

Fig. 5.1 displays the experimentally observed load-displacement curve and selected TEM
bright field images with various specific loading conditions marked on the curve. In Fig. 5.1(a),
the load-displacement curve of the Cu film is presented, which contains a linear elastic, yielding,
and plastic regions of deformation. Six selected conditions, including five loading conditions and
one post-unloading condition, (b) through (g), are marked on Fig. 5.1(a) which correspond to the
TEM bright field images in Fig. 5.1(b) to (g). Fig. 5.1(b) is a TEM bright field image under
zero-load condition, marked as point (b) in Fig. 5.1(a). Columnar Cu grains were observed in the
load free film with some dislocations and a few twins identified inside the grains. These twins
are marked by the white filled arrows which were further proven in the PED analysis that will be
shown shortly.

Upon reaching point (c), the load-displacement curve shows a distinct change in slope
suggesting that the Cu film has yielded. Bend contour contrast as well as dislocation generated
contrast (seen in the upper right portion of the image by the unfilled arrow) can be observed in
Fig. 5.1(c). Bend contours occur when a set of diffracting planes are not parallel throughout

sample but come into and out of the Bragg condition creating contrast bands [27]. At the point of
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indentation, a set of contour lines (whose location is identified by the unfilled arrows near the
indenter) appears to the right of an identified twin boundary (white filled arrow) in Fig. 5.1(c).
Increasing the displacement further resulted in a load decrease, point (d) in Fig. 5.1(a), and the
previous bend contours that were to the right of the twin now appear to be present on either side
of the twin boundary, Fig. 5.1(d), suggesting more uniform buckling of the foil across this grain.
We also note that near the surface of the foil, and to the right of the indent, a series of
dislocations (identified by the circle region in Fig. 5.1(d)) became visible. The appearance of
these dislocations is likely created by the bending of the foil bringing them into a visible
condition under the electron beam. Note that dislocation structures may not always be visible
under specific zone axes in a TEM image [27]. For example, the dislocations located in the upper
right region of the foil in Fig. 5.1(c) are not as obvious (they are nearly invisible) in Fig. 5.1(d).
It should be noted that during sample preparation, FIB damage can create dislocations even when
a low keV ‘clean-up’ is performed [25]. Thus, one must be very careful in identifying
dislocations specifically nucleated by the indent process. This is best deciphered by the spatial
location of the dislocations relative to the indent impression.

When the displacement reached point (e) in Fig. 5.1(a), distinct bend contours are now
observed throughout much of the foil and appear to be continuous through different grains.
These bands are identified by the circle as well as unfilled arrows in Fig. 5.1(e). Under the indent
itself, we note a pseudo-hemispherical propagation of bend contours. Using the continuous bend
contour which is identified with the circled region on it in Fig. 5.1(e), the bend curvature in the
foil is estimated to be 0.63 um. The relative increase in diffraction contrast now present in the
bright field image makes it is difficult to ascertain the various microstructural features. In the

forthcoming section, PED will be able to help discern these features. With further indenting, the
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prior continuous bend contour (circled region in Fig. 5.1(e)) has now split into two distinct
contrast bands, Fig. 5.1(f), highlighted by the unfilled arrows in this image. The curvature of
these two distinct bands is 0.81 pm™ and 2.13 um™* from left to right. After unloading, the foil

retains a significant amount of contrast created by the foil’s buckling in Fig. 5.1(g).
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Fig. 5.1. Load-displacement curve and selected TEM images of the Cu film. (a) Load-
displacement curve of the Cu film. Six-points are selected on the curve with corresponding TEM
bright field images shown from (b) to (g). (b) TEM bright field image at point (b). The twins are
marked with filled arrows. (c) TEM bright field image at point (c) with bend contours marked by
unfilled arrows. (d) TEM bright field image at point (d) with continuous bend contours marked
by unfilled arrows and a high density of dislocations in the circled area. (¢) TEM bright field
image at point (e) with continuous bend contours marked by unfilled arrows and dislocation
accumulation at the circled area. (f) TEM bright field image at point (f) with discontinuous bend
contours marked by unfilled arrows. (g) TEM bright field image at point (g). The scale bar is 100
nm.

Fig. 5.2 displays the corresponding inverse pole figure (IPF), image quality (1Q), and
local orientation spread (LOS) maps obtained from PED scans of the Cu film before and after the
indentation experiment. The IPF map of the Cu film before indentation, Fig. 2(a), reveals

columnar grains with a few small grains (near the surface of the film), which will be referred to
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as the poly-granular region and are marked by the circle in this image. In this region, low angle
grain boundaries (LAGBS), high angle grain boundaries (HAGBs) and other special character
boundaries (X3, 5, 9) are overlaid to the image quality map in Fig. 5.2(b). Some twins are also
observed, evident by the red and blue boundaries in Fig. 5.2(c). The presence of the LAGBs
would indicate pre-existing dislocation substructures prior to indentation [28, 29]. Fig. 5.2(d) is
the LOS map before indentation, revealing very little difference in misorientation within the
grains themselves.

After indentation, the IPF map, Fig. 5.2(e), indicates a clear texture change for some of
the grains that were at and very near the indent. Furthermore, the PED scan reveals that the poly-
granular structure near the surface of the film has changed with the emergence of several refined
grains, indicated by the circled region in Fig. 5.2(e). Though one could suspect that the small
grains could be a result of potential foil bending only allowing a small portion of the grains to be
seen, the PED scan’s map is directly linked to the ability to index the diffraction quality of the
grains. If the foil was bent, the electron beam would penetrate through the foil twice which
would reduce the captured diffraction pattern’s quality at that spatial location, and even creating
two patterns rotated to each other. As one can see in the diffraction patterns map of this region,
Fig. 5.3, this does not appear to be the case and demonstrates the ability of the PED to help
clarify if potential viewing artifacts are present.

Using the PED information from this region, the change in the poly-granular structure,
after indention, still retained the HAGBSs as well as a portion of the £3 boundaries. The
preservation of X3 boundaries can be explained by its low energy structure making it resilient to
deformation [30, 31]. The major difference noted between the pre/post imaging was the

refinement of these poly-granular sizes and the additional presence of a 5 boundary on the left
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side of the indent. It is interesting to note that the acicular twin boundary region that penetrated
within the large columnar grain (indicated by the filled arrow in Fig. 5.2(b)’s inset image)
retained this boundary type after indention, even with the indent being near if not directly
penetrated within this region. The magnified image of the indent in Fig. 5.2(f) revealed that the
boundary, once straight (Fig. 5.2(b)), now has a noticeable jog highlighted by the filled arrow in
the magnified image. An increase in LAGBs, which are the semi-hemispherical, dark lines in
Fig. 5.2(f), were also observed to develop directly under the indented area. The white dashed
circled region in upper portions of Fig. 5.2(b) and (f) reveals the change in the previous *3
boundary to a £9 boundary after indentation. This phenomenon has been observed in other face
centered cubic metals which has been explained as an interaction of special grain boundaries and
the triple junctions during deformation [32].

Finally, the post-indentation LOS map, Fig. 5.2(h), clearly reveals the extent and
penetration of the orientation misalignments created inside the individual grains from the
deformation. Such LOS maps can serve as an approximate spatial distribution of the GND

density required to accommodate the deformation [33, 34].
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Fig. 5.2. PED analysis of the Cu film pre- and post-indentation. (a) Inverse pole figure map of
Cu thin film before indentation test. The black grain boundaries represent misorientations > 5°.
(b) Image quality map of the Cu thin film before indentation with LAGBs, HAGBs and Xs laid
over the image. A dislocation substructure is marked by the unfilled arrow. The inserted
magnified image reveals linear X3 boundaries. (c) Image quality map before indentation with
twin boundaries laid over image. (d) Local orientation spread map of Cu thin film before
indentation. The black grain boundaries represent misorientations > 5°. (e) Inverse pole figure
map of the Cu thin film after the indentation test. The black grain boundaries represent
misorientations > 5° and a grain refinement area is circled. (f) Image quality map of the Cu thin
film after indentation with LAGBs, HAGBs and Xs laid over the microstructure. A LAGBs can
be seen by the unfilled area in the grain. The inserted magnified image reveals a curved =3
boundary marked by the filled arrow. (g) Image quality map of Cu thin film after indentation
with twin boundaries laid over. (h) Local orientation spread map after indentation test. The black
grain boundaries represent misorientations > 5°. The scale bar is 100 nm.
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Fig. 5.3. Foil thickness analysis of the indented Cu film. Bright field scanning transmission
electron microscopy images and selected area PED diffraction patterns of the Cu film (a) pre-
indentation and (b) post-indentation.

5.5 Discussion

The use of in-situ monitoring of the Cu film’s deformation has revealed several
interesting microstructural evolution effects. The first is the propagation of bend contours
through the film thickness, which has been observed in other in-situ TEM deformation studies [1,
35]. This would be expected as the film is a thin foil with a high fraction of free surface which is
not rigidly confined under loading. As the crystal accommodated the deformation, local
distortions occurred [36]. What is particularly interesting to observe is how the grain boundaries
and twins affected the propagation of these bend contours. For example, at point (d) in Fig.
5.1(a), the load decreased. Reviewing the images of Fig. 5.1(c) and (d), we can note that prior to
the load reduction at this indent depth, the bend contrast is confined to the right side of the twin
boundary, Fig. 5.1(c), in the foil. After the decrease, the contrast is on either side of this

boundary and is relatively semi-hemispherical across the foil. This would suggest that the
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boundary contributed some initial resistance within the larger grain in how the foil was bending
under the load until the foil collectively adjusted itself in response to the load.

The indentation of this large grain directly under the indent also resulted in a texture
evolution through its thickness. Since the electron beam penetrates normal to the film’s cross-
section, we can then quantify how the bending of the foil manifested itself as a relative change in
texture for a single grain. Fig. 5.2(e) reveals that this large, major grain where the indent
penetrated evolved from green {101}-to yellow {102}-to orange {103} with no diffraction
evidence for distinct boundaries. Comparing this transition of texture color to the bright field
image of Fig. 5.1(g), one can now link the continuous series of bend contours noted in this image
at these areas to the texture evolution in the grain itself. We also note that these bend contours in
the bright field image of Fig. 5.1(g) track well with the reduced indexing quality (darker shaded
lines) seen in Fig. 5.2(f). What is particularly interesting to observe in this same grain are the
presence of a few high misorientation lines, indicated by the unfilled arrow in Fig. 5.2(h), that
emanate from the highly deformed region directly under the indent. These lines are located and
follow closely to the yellow texture band that separates the two orientations from each other in
the same grain, Fig. 5.2(e). The appearance of these high misorientation lines does suggest some
contribution in texture evolution from the plastic deformation created within the grain from the
indentation process too.

In a similar manner, the PED has revealed origins of contrast in other parts of the foil. If
one looks at the unfilled, solid outlined arrow in Fig. 5.2(f), it points to a region of LAGBs,
whose structure can be modeled by a series of periodically stacked edge dislocations [37]. The
complementary crystallographic data demonstrates the power of linking PED for improved

interpretation of the contrast seen in the bright field images.
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Upon indentation, the series of poly-granular features on the surface of the film were
refined and showed some amount of grain texture change, i.e. compare the circled region in Fig.
5.2(a) vs. (e). Clear evidence of this can be ascertain from the PED scans of Fig. 5.2, where
clear delineated grain features are observed as compared to the severe contrast that masks these
features in the bright field TEM image of Fig. 5.1. The PED scan reveals that many of these
grains are surrounded by HAGBs. Such boundary types are more readily able to accommodate
grain rotation under loading, with such behavior explained by combined dislocation and grain
boundary plasticity coordination during deformation [38, 39]. The PED data also provides
evidence that the boundary structures themselves did not change (or experienced minimal
changes) under the indent as evident by the retention of the HAGBs and X3 boundaries. It is
worth noting that a series of LAGBs appear to be densely packed right under the indent, seen in
the magnified image of the indent in Fig. 5.2(f). Such features were not observed in the initial
poly-granular structure. As already described above, LAGBs can be modeled by an arrangement
of edge dislocations. Thus, the PED data then helps to decipher the spatial location of
dislocations created from the indent that may not be as obvious to quantify from the bright field
contrast. Considering the size of these grains as well as the difficulty to perform a two-beam tilt
condition experiment in an in-situ TEM deformation holder, the PED data was found to be
beneficial in this regard.

In the same region as these poly-granular features, a £3 boundary structure protruded into
the grain, Fig. 5.2(b). This feature is clearly observed in the initial bright field image of
indentation, Fig. 5.1(b), but upon significant indentation, Fig. 5.1(g), the deformation contrast
masks its appearance. One could mistakenly assume that the grain was lost under the

deformation. Nonetheless, PED provides clear evidence that it survived the indentation, even
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though the indent clearly penetrated near (and potentially) into this feature. By identifying the
boundary type, a low energy X3, gives insights to boundary types that are more resilient to
deformation. This boundary actually increased its linear length in response to the deformation,
evident by its curved shape as shown by the large filled arrow in Fig. 5.2(f). The survivability of
this boundary is likely linked to its low energy characteristic structure, as noted by others [31,
37], and offers an area of future exploration.

At deeper indent depths, clear evidence of dislocations at the grain boundaries are
observed. In Fig. 5.1(e), one could assume that the dislocation, captured within the circle, are in
one grain. However, the PED scan of Fig. 5.2 shows two grains in this region. Upon further
loading, Fig. 5.1(f), the dislocations on either side of this boundary move, either by their own
slip and/or the collective bending/buckling of the grains revealing more of their linear features.

Finally, the highly localized deformation created under the indent can be inferred by the
LOS maps. As discussed above, the misorientation changes are related to the GND density,
which can then be used as an approximation of the stress/strain field [33]. The half-circle on the
LOS map, Fig. 5.2(h), exposes significant plasticity directly under the indent. This can be treated
as an estimation of the strain field after indentation and would match well to modeling

predictions of materials subjected to indentation [40, 41].

5.6 Summary

This paper has described how coupled PED analysis with in-situ TEM mechanical
loading can reveal the structural deformation evolution in polycrystalline Cu. Upon initial
indentation, bend contours were found to be located only on specific sides of grain boundaries

and twins. As the indentation increased, the contrast bands were observed to qualitatively
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become more uniformly spread over the foil, which was observed with an initial load decrease
response suggesting the foil’s overall bending/buckling adjustment to the mechanical load. The
PED scans even quantified the gradual texture evolution created across the grains from the
bending of the foil.

Further indentation revealed the presence of dislocations in the bright field image,
whether that be from their own slip or the bending of the foil bringing them into a more visible
condition. The PED analysis in the post-indented condition revealed the creation of LAGBs and
special character boundaries between the pre- and post- tests. Furthermore, a low energy £3
boundary was seen to be stable under direct loading from this experiment, even extending its
boundary’s length.

Upon indentation, the surface’s poly-granular structure was observed to refine its grains
under the indent. Though the bright field images could not distinctly discern these grains post-
deformation, the PED scan clearly revealed their size as well as general retention of the same
boundary types post-indenting, which were HAGBSs. Finally, the local orientation spread map

yielded an approximate stress/strain field created by the indent into the film.
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CHAPTER 6

A CORRELATED IN SITU INDENTATION-PRECESSION ELECTRON DIFFRACTION
STUDY OF CRYSTALLINE CU/AMORPHOUS CUZR MULTILAYERS

To be submitted for publication

A Correlated in situ Indentation-Precession Electron Diffraction Study of Crystalline
Cu/Amorphous CuZr Multilayers

Qianying Guo?, Lin Li* and Gregory B. Thompson'!
1 The University of Alabama, Department of Metallurgical and Materials Engineering, Tuscaloosa,
AL 35487-0202, USA
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6.1 Abstract

Two crystalline Cu/amorphous CussZrss multilayers were in situ deformed in the TEM.
The amorphous layer was fixed at 155 nm whereas the Cu layer was either 110 nm or 45 nm.
Both multilayers show serrated load-displacement behavior upon initial loading inductive of
shear banding. At an indentation depth of ~ 20 nm, the thicker Cu multilayer exhibits perfect
plastic behavior and no strain hardening. The thinner Cu multilayer exhibits nearly twice the load
capacity before a significant change in the load-displacement response and then a modest strain
hardening behavior. This is contributed to the Cu grain size being approximately one-half
smaller for the thinner Cu layers as is the thicker Cu layers. Both films showed changing
diffraction contrast with indentation. Subsequent Precession Electron Diffraction measurements

confirm a global texture change in the film with specific grains showing rotation. The thicker Cu
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multilayer exhibited evidence of stress-assisted grain growth, which was not evident in the
thinner Cu multilayer. Finally, the thicker Cu multilayer retained a significant plastic crater on
the upper most amorphous layer that contacted the indenter; this was absent in the thinner Cu
multilayer. This is explained by the absorption of shear bands at the crystalline-amorphous

interface and the size effect response noted in the thinner Cu layer during the deformation.

6.2 Introduction

Amorphous metals can exhibit a range of excellent physical properties including high
strengths with large elastic responses [1, 2] as well as good corrosion resistance [3]. However,
these materials do suffer from rather limited ductility because of catastrophic failure attributed to
shear bands [4, 5] that nucleate and create shear transition zones (STZs) [6, 7]. The propagation
of these shear bands in the amorphous materials are extremely fast, usually several millimeters
per second [8], fracturing the material apart. One way to mitigate this rapid propagation is by
inserting crystalline phases within the amorphous matrix which can blunt the shear band. To
date, incorporating this crystalline phases into the metallic glass can be through partial
crystallization via heat treatments [9, 10], mechanical alloying by ball milling [11, 12], as well
as specific growth of each phase during processing, as in the case of thin film deposition [13].
Each of these methods have shown significant improvements of ductility when comparing the
pure amorphous materials to the composite materials.

With the creation of this composite, two-phase crystalline and amorphous material, there
has been significant interest into the co-deformation behavior at the phase interface. Glassy
materials deform by shear banding whereas crystalline materials nominally deform by

dislocation propagation. How these two modes operate at the crystalline/amorphous (C/A)
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interface, particularly how the strain/STZs in the amorphous layer induces elastic/plastic
deformation in the crystalline layer offers an area of fertile investigation.

To understand the deformation C/A compounds, multilayered thin films are ideal
architectures because one can have a fixed surface area over the substrate while simply changing
the thickness to precisely control the volume fraction. By changing the individual layer
thicknesses, one can then precisely control the spacing between the phases. In addition, by
utilizing a multilayered stack, how deformation propagates through a periodically repeated C/A
interfaces can easily be studied. For those reasons, this paper will utilize a multilayered film of
crystalline Cu/amorphous CuZr for such investigations.

Over the past decade, both ex situ and in situ mechanical tests have been performed on
C/A nanolaminates and a variety of microstructural deformation responses have been reported.
In particular, imaging the deformation via scanning electron microscopy (SEM) or transmission
electron microscopy (TEM) in situ has allowed researchers in real time to observe how each of
these phases deform [13, 14]. Chou et al. [15] reported the in situ SEM pillar compression of
amorphous ZrCuTi/crystalline Ta multilayers where the amorphous layer thickness was fixed but
the crystalline layer thickness varied. Plastic flow was observed to be present at specific Ta layer
thicknesses pillars and shear banding was hindered by the C/A interfaces. Later, Knorr et al. [16]
reported both nanoindentation and pillar compression tests on crystalline Cu/amorphous PdSi
multilayers with the microstructure evolution analyzed by SEM and TEM. They too noted that
the C/A interfaces appeared to improve strength and ductility by the amorphous interface
blocking dislocation propagation from the crystalline phase to the glassy phase. This in turn
caused the Cu layer to deform heavily and be the primarily phase to accommodate the

deformation. This then reduced the stress concentration in the amorphous layers [16]. Other
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reports have shown that some crystalline ceramic/amorphous composites can have an increase in
hardness, a transformed fracture mechanism, and enhancements in the critical scratch load which
can be attributed to the C/A interfaces [17].

Similar phenomenon has also been observed in the crystalline Cu / amorphous CuZr
multilayers in which the dislocations propagated in the Cu layers were absorbed at the C/A
interfaces with self-toughening then achieved [18]. One of the most systematic studies in the
Cu/CuZr systems was done where the Cu layer thickness was changed to understand the length
scale effect of the crystalline phase on the collective deformation response in these C/A
multilayers [19]. The ex situ nanoindentation and in situ SEM pillar compression tests showed
three main deformation responses: (1) shear banding dominant deformation in thin Cu layers (~
5nm), where the shear band propagated through both phases; (2) plastic co-deformation when the
Cu layer thickness was ~ 20 nm; And (3) dislocation dominant mechanism in thicker Cu layered
multilayers [19]. This type of deformation mechanism transition has also been discussed by other
researchers [20, 21]. Follow-up work by Cui et al. [22] performed on the same Cu/CuZr system
but now varied the amorphous layer thickness noted that shear bands were initiated in the glassy
layer at the C/A interface [22]. One of the limiting aspects of all of this type of in situ research
has been either the inability to specifically resolve the deformation mechanism, which is the case
in the use of the SEM, or properly interpreting the contrast seen in the much high magnified
images of the TEM.

In recent years, Precession Electron Diffraction (PED) has developed as an approach to
provide quantitative information such as grain boundary misorientation, texture, grain size, and
phase identification within the TEM without the complicating aspects of diffraction contrast. By

using PED in the TEM, one is able to achieve much higher spatial resolutions then analogous
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imaging techniques such as electron backscattered diffraction (EBSD) in the SEM [23-26]. By
precessing the electron beam, a pseudo-kinematical diffraction condition is achieved which
reduces intensity variations in the diffraction spots as well as enabling more of reciprocal space
to be captured increasing the number of spots collected. This collectively improves the
confidence index in identifying the diffraction pattern. By serially moving the precessed probe,
and collecting the diffraction patterns at each location, changes in grain texture is quantitatively
observed and indexed to the observed orientation generating a reconstructed map of grain
orientation. To date, this technique has been used to analyze grain size, lattice
orientation/texture, and grain boundaries in ultrafine grain and nanocrystalline materials [27-29].
It has also been more recently applied to in situ straining tests and grain coarsening studies where
grain rotation and texture changes were detected [30-33]. The use of PED has now helped bridge
experimental work in the TEM with molecular dynamics simulation works [34, 35].

In this paper, we aim to extend these previous in situ TEM deformation studies of C/A
multilayers by quantifying how the crystalline grain shape, size, and texture as well as how
specific grain boundaries evolve under co-deformation conditions. This will be achieved by
correlating in situ TEM indentation and the PED technique using crystalline Cu / amorphous
CuZr multilayers as the case studies. As reported in other works [19, 20], with different
crystalline layer thickness, nanoindentation will induce different deformation mechanisms. By
performing PED analysis on the same pre- and post- indent areas for multilayers of different Cu
layer thicknesses, we will be able to understand how the crystalline grains respond to the

deformation at the C/A interfaces.
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6.3 Experimental Procedure
A series of nanocrystalline Cu (2 layers) / amorphous CussZrss (at.%, 3 layers)
multilayers were sputter-deposited onto the edge of a pre-fabricated Si wedge [36] that has been
micro-machined and etched for the purpose of readily producing an electron transparent film for
indentation studies. The multilayers were grown in an AJA ATC-1500 sputtering chamber from
a CussZrss (at.%) alloyed target and an elemental Cu target with the amorphous layer thickness
fixed at 155 nm, and would be the surface film, and the Cu layer grown to a thickness of either
45 nm or 110 nm. The pressure of the sputtering chamber was <1.33 x 10°° Pa prior to sputtering
and kept at 0.133 Pa during sputtering when the working gas being ultrahigh purity argon that
was flowed into the chamber at a rate of 0.01 L/min. All the multilayers were deposited at room
temperature (~ 23 °C).
To further improve the electron transparency of the film on the wedge, a 10 um in width

x ~1 um in height and < 100 nm in thickness region was focus ion beam (FIB) milled parallel to
the wedge surface from the top of the film into a portion of the Si wedge. This ensured the film
was a uniform foil for imaging and indention. This milling was done in a Tescan Lyra 3XM dual
SEM-FIB following the TEM cross-section sample thinning technique and FIB lift-out procedure
given in references [37-39]. The initial thinning was done at 30 keV with a width of ~10 um with
step down ion currents from 0.2 nA to 0.03 nA. A subsequent low keV clean-up at 5 keV at a
beam current of 20 pA was done to remove any surface damage created by the Ga* implantation
into the sidewalls of the foils [40]. The Si wedge was then mounted into a custom designed P195
sample stage using conductive silver epoxy for the in situ mechanical tests.

The in situ mechanical loading was carried out in the Hysitron Picolndenter P195 films that

provides quantitative load and displacement data. The holder, with foil, was placed inside a FEI
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Tecnai G2 F20 Super-twin (Scanning) Transmission Electron Microscope ((S)TEM) operated at
200 keV and fitted with a NanoMEGAS® ASTAR PED orientation identification platform. The
precession angle used for analysis was 0.1° at step sizes of 2 nm [41]. Post-analysis of grain size
and misorientation were done using an off-line TSL OIM Analysis 7 software platform. The
PED scans were performed on the tested area pre- and post-indentation to capture the
microstructural change from the test with the indentation being from a cube corner diamond tip
controlled by piezo-motor and MEMS transducer in the P195. All the nanoindentation were
carried out under a displacement control mode with a constant rate of 1 nm/s until the overall
displacement reached 100 nm. Then unloading were performed at a speed of 1 nm/s until the

start point was reached.

6.4 Results and Discussion
6.4.1 Load-displacement curves

Fig. 6.1(a) shows the load-displacement curves for the Cu/CussZrss multilayers with the
Cu layer thickness equal to either 110 nm or 45 nm. Both curves reveal a linear elastic response
and nearly perfect plastic response upon loading, with the thinner Cu layer having a higher yield
point. Fig. 6.1(b) is a magnified image for the Cu 110 nm multilayer which shows a series of
serrations or pop-ins events, correspond to shear banding events in the amorphous layer [2, 13].
Similar serrations are observed in the initial loading portion of the curve for the 40 nm film as
well, Fig. 6.1(c). For instrumented contact experiments on metallic glass, yielding is often
defined as the occurrence of the first pop-in event [42, 43]. In Cu 110 nm film, such a yield point
deformation would be located at indentation depth of ~ 20 nm. However, the clear transition in

the slope was near an indentation depth of ~30 nm. At this depth, inelastic deformation
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mechanisms active in the Cu layer are occurring and will be discussed in depth in the following
section. After greater penetration depths, the loading maintained a relative constant value near
103 uN up to a final displacement of 100 nm. When the Cu layer thickness was reduced to 45
nm, the first pop-in event occurred at a displacement of ~22 nm. But, as before, a collective
slope change was not observed until an indentation depth of ~40 nm. Unlike the Cu 110 nm
film, where the load was relatively invariant with further indentation, the Cu 45 nm film showed
a modest increase (work hardening response) from ~ 170 uN at 40 nm to ~ 200 uN at 100 nm.

The Young’s modulus of these two multilayers can be predicted by a Hertzian elastic
prediction from the first pop-in event on the load-displacement curve using the following
equation [44],

P :%ErRO.ShO.S (61)

where P is the load, R is the radius of the indenter tip, h is the indentation depth, and E; is the

reduced modulus defined as

Y 2
i — 1 Vsample + 1- Vindenter (6 2)
Er Esample Eindenter

where E is the Young’s modulus and v is the Poisson’s ratio for the sample and indenter,
respectively. Using the values for diamond and that for the Cu/CuZr multilayers [45, 46], the
reduced modulus, Young’s modulus, and yielding stress of the multilayers are tabulated in Table
6.1. It should be noted that to use the Hertzian elastic prediction, we assumed the indentation tip
was a spherical shape. Though the indenter strictly is a diamond cube corner, upon imaging of
the corner in the TEM, it was rather blunt and spherical in shape with these equations being a

better representation of the experimental conditions. We do note that these subtle tip geometry
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effects will likely have some effect on the absolute value of the calculated modulus and stress

values shown in Table 6.1.
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Fig. 6.1. (a) Load-displacement curves of Cu/CuasZrss multilayers with Cu layer thickness equal
to 110 nm and 45 nm. The thickness of amorphous CussZrss layer were maintained at 155 nm.

Magnified load-displacement curve with first serration event mark on (b) Cu 110 nm, (c) Cu 45
nm multilayers.

Table 6.1. Mechanical properties of Cu/CussZrss multilayers (with different Cu layer thickness).

Sample Reduced modulus Young’s Yield Stess
(GPa) modulus (GPa) (GPa)

Cu (110 nm)/CussZrss (155 nm) 81 72 2.7

Cu (45 nm)/CuassZrss (155 nm) 93 84 3.8

6.4.2 TEM analysis

With the mechanical property responses reported, we now link these to the structure
within the Cu 110 nm multilayer. Fig. 6.2 is the load-displacement curve during nanoindentation
experiment with selected TEM bright field images at six specific loading condition for this

multilayer. Four specific grains, marked from #1 to #4, are shown throughout Figs. 6.2(b) to (g)
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and allow us to track how the deformation proceeds through the multilayer via their contrast
change. Fig. 6.2(b) is the 0 load condition. The darker layers are the amorphous (AM) layers and
the brighter contrast are nanocrystalline (NC) Cu layers. In Fig. 6.2(b), grains #1 and #2 are
relatively smaller grains as compared to grains #3 and #4. We would also like to highlight the
very narrow shaped grain (evident by the dark contrast band) that can be observed inside the
coarser grain #3. When the load reached the end of linear portion, point (c), the contrast of some
of these grains have clearly changed, including grains #1 and #4, which have become brighter, as
shown in Fig. 6.2(c). This indicates that the load transfer is occurring in both Cu layers (one
closest and one furthest from the indent impression). Other contrast changes were seen in other
grains in both layers by comparing Fig. 6.2(b) and (c). The change in grain contrast indicates
potential grain rotation [47] in response to the deformation as the grains come in and out of
Bragg scattering. Though not all grains appear to show a noticeable contrast change, i.e. grains
#2 and #3. This indicates that the deformation responses are localized to specific regions in the
film at this load state. After point (c) in Fig. 6.2(a), the load drops slightly when the
displacement continues to increase for approximately 2 nm or point (d) point. By comparing Fig.
6.2(c) and (d), the only notable contrast change the authors observed was that in the circled
region, where it comes increasingly darker and is symmetrically located directly under the
indent.

Further increasing displacement to 78 nm, point (e), much more pronounced contrast
changes are observed throughout the crystalline layers as well as a notable semi-circle of contrast
in the amorphous layer that is in direct contact with the indenter, Fig. 6.2(e). In this same figure,
the contrast change of grain #1 from the previous light grey is now strongly diffracting or black.

Negligible to only slight contrast changes in contrast were detected in grains #2 and #4. The very
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narrow grain previously presented in grain #3 is now barely observable in Fig. 6.2 (e) suggesting
that it has been consumed from some form of grain boundary migration [48, 49]. Fig. 6.2(f) is
the multilayer at the maximum displacement of 100 nm. The contrast of the indented area is
clearly present throughout the entirety of the upper most amorphous film that is in contact with
the indenter. Grains #1, #3, and #4 are even darker or in a strongly diffracting condition with
grain #2 being the notable exception, which appears to have kept a relatively invariant contrast
throughout the loading experiment. Such contrast preservation indicates negligible grain
orientation disruption during nanoindentation, which will be further proven in the PED mapping.

After unloading, the indentation induced contrast at in the first contacted amorphous
layer remained, Fig. 6.2(g), with a plastic crater impression. Grains #1 and #3 have now became
brighter while parts of grain #4 changed to a darker contrast with unloading. Grain #2 still
retained its prior contrast after unloading, Fig. 6.2(g). Of all the grains specifically identified,
arguably grain #3 revealed the most contrast change under the entirety of the indentation process.
It appears that this grain has undergone growth, but the dynamical diffraction contrast in the
TEM bright field image hinders a conclusive determination of its boundary locations. This

provides the motivation for the use of PED.
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Fig. 6.2. Load-displacement curve and selected TEM images of the Cu thick multilayer. (a)
Load-displacement curves of Cu 110 nm/CuasZrss 155 nm multilayers. Six points are selected on
the curve with corresponding TEM bright field images shown from (b) to (g). (b) TEM bright
field image at point (b) on the curve. (¢c) TEM bright field image at point (c) on the curve. (d)
TEM bright field image at point (d) on the curve. (e) TEM bright field image at point (e) on the
curve. (f) TEM bright field image at point (f) on the curve. (g) TEM bright field image at point
(9) on the curve.

The PED scans for the Cu (110 nm)/CuassZrss (155 nm) pre- and post- indentation
orientation mapping of the grains, IPF, and grain size histogram are shown in Fig. 6.3. Fig.
6.3(a) and (b) are the grain orientation maps that clearly delineate the grains by the multitude of
textures evident in the grain colors and the black lines showing the grain boundary location.
Nearly all of these boundaries were identified to be high angle grain boundaries (HAGBS). Each
of the grains in Fig. 6.2 are now specifically labeled in Fig. 6.3(a) and (b). Before indentation,
grain #1 has an ~ {113} orientation; after indentation, it has evolved to a {101} orientation. Its
relative shape is intact but appears to have been rotated clockwise. When specific grain is
surrounded by all the neighboring grains in all the direction (in bulk sample), it can be difficult
for it to rotation. Since the multilayer has been milled to a thin foil with a high fraction of free

surface, this may enable the grains to more easily rotate during deformation. Though the foil
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itself could rotate, when comparing other grains in the foil, whose texture and shapes did not
change, it is difficult to imagine foil bending being the primary mechanism for the significant
change in texture, at least for this grain in this region. In addition, no bending contours were
observed in the bright field image in Fig. 6.2, which further indicates negligible bending induced
grain orientation changes [50]. Unlike grain #1, grain #2’s PED data indicates that retained its
general triangular shape and a near {111} texture during the test. This would be consistent with
the lack of diffraction contrast change noted for this grain in the bright field images of Fig. 6.2.

Besides grain rotation (or no rotation), grain growth was also observed. If one looks at
the Cu layer closest to the indent and directly under the indent (indicated by the dashed box), it is
difficult to make a direct link to which grains map to each other. The textures are different and
even the relative grain size appear larger. The average gain size (of the same region) in the pre-
and post- condition was 22 = 4 nm and 29 + 5 nm, respectively. Specifically identifying grains
#3 and #4, the grain growth can be more readily mapped. In grain #3, the orientation under
indentation was relatively invariant at ~ {103}. However, the prior narrow grain, delineated by
the green color {101} and black boundaries in Fig. 6.3(a) is consumed by grain #3 in Fig. 6.3(b).
Even the pink hue grain {112} to the left of this smaller {101} grain appears to have also been
consumed by grain #3 after indentation. Similarly, grain #4, which has a {122} texture grew
after indentation, compare Fig. 6.3(a) and (b). What is intriguing is the texture change in grain
#4 from a reddish-pink {112} to pink {113}. Around grain #4, there are a few much smaller
grains which may have been in response to the change, where deformation induced grain
refinement is noted to occur at the nanoscale [51, 52]. Fig. 6.3(c) and (d) show the texture plot of
the scanned area pre- and post- indentation. The pre-indent Cu layers have a relatively strong

{001} texture with minor {112} and {101} textures, Fig. 6.3(c). Here the texture orientation is
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normal to the IPF image of the grains in Fig. 6.3(a) and (b). After indentation, the {001} is still
retained but the previous {112} texture is reduced and the relative intensity of the {101} texture
is stronger. Furthermore, a new {111} texture has developed. This texture change is suggestive
of a collective grain rotation as a deformation response mechanism. This grain rotation within
the Cu is believed to have occurred in response to the hardness of the amorphous layer. This
study confirms the work of prior studies, in that the Cu layer appears to accommodate a
significant portion of the deformation. The general observation that the two amorphous layers
that are not in contact with the indenter did not show any notable diffraction contrast nor a
reduction in their relative thickness further supports that the Cu layers were providing a
significant portion of the deformation. As of such, the Cu grains appear to rotate confirmed by
the global texture change in the IPF textures, Fig. 6.3(c) and (d). Furthermore after ~ 20 nm
indentation, the load response was invariant indicating no strain hardening. These grains, based
on their size, appear to rotate rather than plastically deform from dislocation motion within the
grains that would create a rise in hardness with further penetration. In a recent report by the
authors performing a similar in situ indentation experiment with only Cu, increase indentation
resulted in an increase in load. Thus, the confinement and relative small size of these Cu grains
has modified how they deform under this type of indentation condition.

Finally, the grain size histogram pre- and post- indentation is shown in Fig. 6.3(e) with an
average grain size of 37+ 3 nm and 43 £ 3 nm, respectively. Grain growth can also occur under
deformation [48]. The relative distribution trend in grain sizes is approximately the same, with
the increases in the average being largely driven by a significant portion of the larger grain sizes

in the post-indentation state than where present pre-indentation state. The most significant of
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these changes appears to be the increase in the grain size areas for ~ 95 nm grains and the new,
larger grain at ~ 125 nm, which is grain #3.

We now discuss how the amorphous layers responded to the deformation. Post-
indentation, the bright field image are shown in Fig. 6.2(g). The change in obvious contrast for
this region from a non-crystalline phase, suggest that the foil near the indented region is likely
thicker. Except for the permanent deformation to the outer most amorphous layer, which was in
direct contact with the indenter, the deformation mechanism of Cu 110 nm is dominated by the
Cu layers with grain rotation and minor grain size alterations being the mechanisms of

deformation accommodation.
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Fig. 6.3. PED analysis of Cu thick multilayer pre- and post-indentation. Grain orientation
mapping of Cu layers in Cu 110 nm/CussZrss 155 nm multilayers: (a) pre-tested, (b) post-tested.
Inverse pole figure texture of Cu layers in Cu 110 nm multilayer/CussZrss 155 nm: (c) pre-tested,
(d) post-tested. (e) The Cu grain size histogram in Cu layers of Cu 110 nm / CussZrss 155 nm
multilayers pre- (black bars) and post- (grey bars) indentation.
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Then, we analyze the in situ nanoindentation for the Cu 45 nm/CuassZrss 155 nm
multilayers. The real-time bright field images and load-displacement response are shown in Fig.
6.4. Fig. 6.4(a) is the load-displacement with six specific loading/unloading conditions (b) to (g)
identified with their bright field images shown in Fig. 6.4(b) to (g). Unlike the Cu 110 nm
multilayer, the Cu 45 nm’s curve has a higher loaded level, a steeper initial linear slope, and
exhibits strain hardening. Such variances in indentation responses is suggestive of a potentially
different deformation mechanism mode(s) in the Cu 45 nm multilayer.

The bright field TEM images for the Cu 45 nm multilayers under 0 uN load is shown in
Fig. 6.4(b). Seven selected grains are marked. The reduced Cu layer thickness has also reduced
the grain sizes within the layers making the bright field images even more challenging to discern
than the prior student. Regardless, a brighter contrast (relative to the contrast in the same region)
was observed for grains #1, #2, #5, and #6 while a darker contrast (or more strongly diffracting
condition) was noted for grains #3, #4, and #7. When increasing the displacement to ~ 40 nm at
point (c), the contrast for all seven selected grains changed to a darker contrast except grain #4,
where its contrast became brighter. In this case, all of the identified grains contrast has changed
simultaneously. This collective contrast change, qualitatively suggests a majority of the grains
are undergoing some grain rotation. Again, no bend contours were seen suggesting minimal foil
bending is occurring, if at all. This grain rotation will be further confirmed by comparing pre-
and post- indentation PED orientation maps. As the displacement increased to (d), the contrast of
all the selected grains continued to change with the brighter contrast noted for grains #1, #2, #5,
#6, and #7. This bright contrast made distinguishing these grains from their neighbors (grains #3
and #4) very difficult and again demonstrates the difficulty of bight field imaging in quantifying

the deformation behavior in these in situ experiments. Further increasing the displacement into
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the strain hardening region, at point (e) we lose track in clearly identifying grains #1 to #4 and #6
because of the severe compression into the Cu layers. In addition, the 45 nm Cu layers are now
compressed to ~20 nm (closest to the indent) and ~27nm (furthest from the indent). When the
displacement increased to 100 nm, the Cu layers have been further compressed to ~ 12 nm and ~
20 nm. At this depth, only grains #5 and #7 can be confidently tracked because of the contrast
change. After unloading to point (g) in Fig. 6.4(a), the compressed Cu layers were released, and
their thicknesses increased to ~25 nm for the layer closest to the indenter and ~35 nm furthest
from the indenter. Furthermore, grain #1 has now been clearly identified again while grains #5
and #7 are still identified.

Though some similarities are noted between the Cu 45 nm and Cu 110 nm multilayers,
such as the grains changing contrast, there are several strikingly different behaviors. The most
notable being the compression of the Cu layers with some amount of recovery. Furthermore, the
post indent crater that would be present in the upper most amorphous film that was in contact
with the indenter does not show a significant damage. It is clear that the co-deformation
response and associated mechanisms are dependent to the Cu layer thickness.

To begin our analysis, we note that the Cu grains for the Cu 45 nm multilayer are ~ 20
nm in size whereas the Cu 110 nm multilayer, they are ~ 40 nm, which will be born out in the
PED discussion. The much smaller grain sizes, higher strengthening would be anticipated
according to a simple Hall-Petch approximation [53, 54]. We do note that some nanocrystalline
grains can exhibit an inverse Hall-Petch behavior, but that is typically below 10 nm [55], which
is not the case here. These smaller Cu granular volume would make the Cu layers (ideally) more
resilient against yielding. With this even smaller grain size, dislocation plasticity is further

suppressed because of the intense interactions between dislocations and grain boundaries [56].
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Therefore, grain boundary plasticity including grain rotation and grain boundary sliding will be a
dominant deformation mechanism [57]. This can be inferred by the apparent abundance
diffraction contrast changes seen across multiple grains in both layers during indentation, even at
the lower loads. One of the interesting responses to the thinner Cu layer is the increase in load
response until the overall slope changed. Likely contributors to this increase would be both the
small Cu grain size and the increase fraction of the harder, amorphous phase [13, 19, 20]. Since
bulk metallic glasses generally do not strain hardening [2, 58], the observed strain hardening is
contributed to the Cu layers. Since this was not observed for the thicker Cu layers, its effect here
is contributed to this film’s smaller grain size, which appears grain rotation and sliding is

insufficient to nullify this effect.
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Fig. 6.4. Load-displacement curve and selected TEM images of the Cu thin multilayer. (a) Load-
displacement curves of Cu 45 nm/CussZrss 155 nm multilayers. Six points are selected on the
curve with corresponding TEM bright field images shown from (b) to (g). (b) TEM bright field
image at point (b) on the curve. (c) TEM bright field image at point (c) on the curve. (d) TEM
bright field image at point (d) on the curve. (¢) TEM bright field image at point (e) on the curve.
(F) TEM bright field image at point (f) on the curve. (g) TEM bright field image at point (g) on
the curve.
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The correlated PED analysis of Cu 45 nm multilayer are shown in Fig. 6.5. Fig. 6.5(a)
and (b) are grain orientation maps in the pre- and post- indentation area that clearly delineate
each and every grain. Furthermore, the reduction in the Cu layer thickness is also evident.
However, the much smaller grain sizes here has made comparison mapping between scans
difficult as well as direct matching of the bright field grains identified in Fig. 6.4 to the PED
grains in Fig. 6.5. For that reason, a direct comparison, as done in the Cu 110 nm multilayer, was
not done because it would be highly speculative. We also make a cautionary comment to the
reader. In Fig. 6.5(b), the furthest Cu layer from the indent shows a much more ‘blocky’
interface. This is an artifact of poor indexing of those grains that abut that interface. Repeated
PED scanning, which was done to achieve the best possible mapping, resulted in some beam
damage to the sample in those areas. Consequently, that data from that grain was not reliable and
therefore not indexed and appears to be in the amorphous phase, which is not accurate [59]. This
serves as a cautionary note that comparing the PED reconstruction to the bright field image
should always be done to ensure the highest fidelity to the data reconstruction. Regardless of this
issues, the PED data scans provide sufficient wealth of information. This is seen in the IPF and
grain size distribution, Fig. 6.5(c)-(e).

The quantitative texture analysis in Fig. 6.5(c) and (d) shows again a strong {001} and a
secondary intensity {112} and near {101} textures in the pre-tested condition, which is in
agreement with the Cu 100 nm multilayer. However, upon deformation, the thinner Cu
multilayer shows a clear onset for near equivalent intensities at {112} and {001}, with the
intensity decreasing for {001}. Recall for the thicker Cu multilayer, the {001} texture was still

the most significant and the {112} diminished and the {111} became apparent. Again, such
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quantifiable texture evolution suggest that grain rotation may be active and the alignment of
which is a function of the grain size in the Cu layer.

The pre- and post- indentation grain size histogram for Cu grains is shown in Fig. 6.5(e),
with average grain size equal to 19 + 2 nm and 18 £ 1 nm, respectively. Negligible grain size
changes is observed and even the size distribution is near equivalent. Thus, if the Cu layer
became thinner but the grain size distribution did not change, this would imply that the Cu layer

(to conserve volume) must have been slightly squeezed out the ends of the foil.
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Fig. 6.5. PED analysis of Cu thin multilayer pre- and post-indentation. Grain orientation
mapping of Cu layers in Cu 45 nm / CussZrss 155 nm multilayers: (a) pre-tested, (b) post-tested.
Inverse pole figure texture of Cu layers in CussZrss 155 nm/Cu 45 nm multilayers: (c) pre-tested,
(d) post-tested. (e) The Cu grain size histogram in Cu layers of Cu 45 nm / CussZrss 155 nm
multilayers pre- (black bars) and post- (grey bars) indentation.

As previously done above, we have identified similar regions in our amorphous layers,

Fig. 6.4(g). Unlike the Cu 110 nm film, where an obvious plastic deformation was noted, here,
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no obvious indentation induced ‘crater’ was observed. Again, this would be expected based on
the recovery of the upper most film layer post-indentation.

The recovery of the upper amorphous film is believed to be related to the prior grain
boundary plasticity mechanisms of the finer Cu grains as well as the inherent higher elasticity
behavior known for metallic classes. In this case, the initial 45 nm Cu layer was compressed to
12 nm without shear bands passing through, which can occur for very thin Cu layers [13, 19, 20].
Thus, the multilayer does not appear to have undergone a ‘catastrophic’ event. Rather, the lack of
a permanent crater in the upper most surface film would indicate that the Cu layer is absorbing
significant shear banding at the C/A interfaces. The Cu grains have undergone some amount of
rotation (evident in the IPF plots of Fig. 6.5) and likely some amount of grain sliding. This type
of granular deformation mechanisms are reported in creep and superplastic tests for bulk
materials at elevated temperature [60-62]. By reducing the grain size to ~ 20 nm, and
compressing the layers between a metallic glass, such granular mechanism appear to be present
and assist in recoverable responses upon the removable of the load, evident even by the Cu

thickness returning to ~ 25 nm and the lack of a significant deformation crater.

6.5 Summary

This paper has described the in situ nanoindentation responses of crystalline Cu /
amorphous CussZrss multilayers with varying Cu layer thicknesses (110 nm and 45 nm) but a
fixed 155 nm amorphous thickness done in a TEM. Both films showed serrated flow upon initial
loading, which is contributed to shear banding. The Cu 110 nm multilayer, at ~ 20 nm of
indentation showed perfect plastic response. In contrast, the Cu 45 nm multilayer showed a

nearly a doubling of the applied load before this change, and a modest amount of strain
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hardening with further indentation. This has been contributed to the thinner Cu multilayer having
a grain size that is approximately one-half of the thicker Cu multilayer. The increase in load is
linked both to the Cu grain size as well as the higher volume fraction of the amorphous phase in
the multilayer.

Upon indentation, contrast changes were observed in the Cu grains in both multilayers
suggestive of grain rotation as a deformation mechanism. This grain rotation was quantified by
the texture evolution differences in IPF maps between the pre- and post- indented grains. The
lack of bend contouring of the foil during testing, and more specifically the retention of specific
neighboring grains’ texture while others changed, suggests this mechanism. The ability to readily
active this mechanism may be assisted by the free surface a TEM thin foil. A modest increase in
specific, larger grain sizes were noted in the distribution for the thicker Cu multilayer indicating
stress-assisted grain growth also occurred. The grain size distribution did not change for the
thinnest Cu multilayer indicating at this lengths, this mechanism was not active.

With the indentation, the thicker Cu multilayer retained a significant plastic crater.
However, the thinner Cu multilayer did not. In comparing the Cu layer thicknesses during
indentation, the thicker Cu layers were invariant. However, the thinner Cu layers were
significantly compressed during indentation, from ~ 45 nm down to ~ 12 nm. Upon release of the
load, the Cu layers increased to ~ 25 nm. Since the grain size did not change, it is suspected that
the Cu layers may have been ‘squeezed’ out of the ends of the foil. It appears that the thinner Cu
layer multilayer interfaces are better at absorbing potential shear bands with the intrinsic elastic

recovery both the Cu layers and the bulk metallic glass assisting in the recovery.
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CHAPTER 7

HIGH CYCLIC DEFORMATION RESPONSES IN MULTILAYERED
CRYSTALLINE/GLASSY METAL COMPOSITES
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7.1 Abstract

Two crystalline Cu/amorphous CuassZrss (at. %) nanolaminate structures were sputtered
deposited where the Cu layer was either 100 nm or 50 nm with the glassy phase being fixed at
150 nm. The multilayer was then in situ high cycle fatigued tested with a mean load of 20 uN
and a load amplitude equal to 5 uN. The cyclic loading frequency was at 20 Hz and carried out
to 20,000 cycles. Using correlated precession electron diffraction, the grain size, grain
orientation, and grain boundaries of the crystalline layers was quantified. For the 100 nm Cu
layers, the equiaxed grain size was ~ 40 nm and did not change under cyclic loading. However,
the global texture evolved from a predominate {211} to a {100}-{201}. This change in texture

was noted by grain boundary rotation via tracking specific grains in the TEM. For the 50 nm Cu
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layers, the equiaxed grain size was ~ 20 nm. The global texture of these grains did not change
with cyclic loading; but the grain size distribution did with larger grains more prevalent
suggesting grain boundary migration being the dominate mechanism of deformation at this
length scale. The change in grain size and crystalline deformation mechanism resulted in the
initial amorphous surface layer to have a very modest plastic crater for the 100 nm thick Cu
layers whereas a notable plastic crater was observed for the 50 nm thick Cu layers. This is
contributed in how the Cu layer was able to accommodate the propagation of shear transition

zones in the glassy layer.

7.2 Introduction

Amorphous, also termed glassy, materials have been shown to exhibit unique mechanical
behavior responses that include high yield strengths and large elastic limits [1, 2]. However, they
suffer from limited plasticity because of the formation of shear bands that result in catastrophic
failure [2]. It is well accepted that this deformation mechanism is from the formation of shear
transformation zones (STZs) where an avalanche of the STZs leads to the formation of shear
bands that cause yielding and the eventual failure within the glassy phase [3, 4]. To improve the
fracture plasticity, crystalline phases can be introduced into the amorphous material. The
plasticity properties of the selected crystalline phase can then act as barriers against propagating
shear bands when they impinge at the crystalline-amorphous interface. Furthermore, under
deformation such composite structures have co-deformation mechanisms active, including the
aforementioned shear banding and dislocation plasticity in the crystalline phase.

One of the simplest and ideal binary metallic glasses to study this behavior in would be

the Cu-Zr alloy. It can readily form a glassy phase over the approximate compositional range of
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30% - 70 at. % Cu with a tunable Young’s modulus in this range [5, 6]. This vitrification likely
results from the ‘kinetic frustration’ of the species attempting to nucleate the diverse and
complex intermetallic phases shown in its thermodynamic phase diagram [7]. Under rapid
cooling or condensation-type of processing, such as sputter deposition thin film growth, this
vitrification is possible. In addition, Cu, as a single elemental phase, readily adopts a face
centered cubic (FCC) structure, even under sputter deposition [8, 9], and whose mechanical
behavior is well understood, even in the nanoscale regime [10, 11]. Using a Cu/CuZr composite,
Wang et al. [12] noted that a large tensile-ductile and nearly ideal plastic flow behavior was
possible in a nanolaminate tested in tension. These results were also coupled with molecular
dynamics (MD) simulations suggesting that dislocations are drawn into the amorphous layers
with an ever increasing tensile strain. Thus, by tailoring the layer thickness of either the
crystalline phase and/or amorphous phase, controlled deformation plasticity of Cu/CuZr
nanolaminates under monotonic loading was achieved and even observed with in situ scanning
electron microscopy (SEM) imaging [13, 14]. Follow on studies in Cu/CuZr nanolaminates have
also been done to specifically address the plastic deformation modes via nanoindentation and
pillar compression [15-17]. In some of these studies, a shear induced mixing/alloying was
observed in the co-deformation zone where the shear band intersected into the Cu layer [15, 18].
Such dislocation-shear banding interaction during indentation has also been captured in MD
simulations [19].

All of these previous studies on nanocrystalline-amorphous nanolaminate behavior and
mechanisms were done under monotonic loading states. There have been far fewer investigations
into cyclic loading of such composites, and these were done using partially crystallized bulk

composite structures [20]. To the authors’ knowledge, there have not been any similar cyclic
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studies using a nanolaminate structure, where the control of spacing and phase sizes can be
precisely controlled as compared to the stochastic process of crystallization from a glassy matrix.
In this paper, we aim to investigate the fatigue response and microstructural evolution in
nanocrystalline-amorphous Cu-CussZrss nanolaminates. An in situ TEM dynamic holder was
used to perform compression-compression indentation fatigue tests with the evolution of the
structure correlated to precession electron diffraction (PED) [21]. PED enables one to quantify
grain texture and grain boundary misorientation, in a manner similar to electron backscattered
diffraction (EBSD). Recently, Bufford et al. has successfully performed high cycle fatigue tests
on nanocrystalline Cu in the TEM [22] that employed PED. Their finding revealed grain growth
and grain rotation near the propagation of a crack tip after 357,000 tensile-tensile loading cycles
[22]. Bright field TEM images can also be captured throughout the cyclic loading process using
in situ TEM and would provide real-time microstructure evolution information too. Utilizing this

experimental set-up, the cyclic loading behavior was then studied.

7.3 Experimental Procedure

A series of alternating amorphous CussZrss (at. %, 3 layers)/crystalline Cu (2 layers) were
sputter-deposited onto a Si wedge in an AJA ATC-1500 sputtering chamber from a CuassZrss
alloyed target and an elemental Cu target. The Si wedge was acquired from Bruker Inc. [23], and
is a micro-fabricated to enable a film to grow on it edge such that it can be electron transparent
with little to no additional specimen preparation for the TEM. The amorphous layer thickness of
our multilayers was fixed at 150 nm with the Cu layer being either 50 nm or 100 nm in the two
films deposited. The pressure of the sputtering chamber was <1.33 x 10 Pa prior to sputtering

and kept at 0.133 Pa during sputtering with the working gas being ultra-high purity argon flowed

147



into the chamber at a rate of 0.01 L/min. All the multilayers were deposited at room temperature
(~23°C).

To further improve the electron transparency of the film on the wedge’s surface, a focus
ion beam (FIB) thinning procedure was performed in a Tescan Lyra 3XM dual SEM-FIB
following similar milling procedures described in references [24-26]. Initially thinning was done
at 30 keV with step down ion currents from 0.2 nA to 0.03 nA. A subsequent low keV ‘clean-up’
at 5 keV and at a beam current of 30 pA was done to remove the surface damage created by the
Ga" implantation into the sidewalls of the foils [27]. The electron transparent area on Si wedges
(as well as film on its edge) were then mounted to Bruker P195 sample stage using conductive
silver epoxy for the in situ mechanical tests.

The films on Si wedges were characterized and mechanical tested inside a FEI Tecnai G2
F20 Super-twin (Scanning) Transmission Electron Microscope ((S)TEM) operated at 200 keV
fitted with a NanoMEGAS® ASTAR PED orientation identification platform [21]. The ASTAR
platform generates point-to-point kinematical electron diffraction images by processing the
focused electron beam, which allows grain-to-grain orientation mapping of the multilayers to be
generated and facilitates the collection and analysis of not only grain size but also the
misorientation distribution [28]. The precession angle used for our analysis was 0.1° at step sizes
of 2 nm. Post-analysis of PED data sets of grain size and misorientation were performed using an
off-line TSL OIM Analysis 7 software platform.

In situ fatigue tests of CussZrss/Cu multilayers inside the TEM used the Hysitron
Picolndenter P195 equipped with nanoscale Dynamic Mechanical Analysis (hano-DMA), which
is a relatively new feature that allows for high cycle fatigue experimentation. PED scans on the

cross-section thinned area of the samples pre- and post- indentation were applied to understand
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the cyclic loading effects on the microstructure in nanocrystalline phases. The mechanical
loading was performed by a cube corner diamond tip controlled by a Micro-Electro-Mechanical
System (MEMS) transducer in the P195. Cyclic loading tests were carried out under a load
control mode with a mean load at 20 uN and a load amplitude equal to 5 uN. The cyclic loading
frequency was 20 Hz and loading time is 1,000 seconds which provides an overall 20,000 cycles

on each samples.

7.4 Experimental Results
7.4.1 Nanolaminate response with the 100 nm Cu/150 nm CussZrss composite

Fig. 7.1 are TEM bright field images of the 100 nm Cu/ 150 nm CussZrss hanolaminate
taken before, during, and after cyclic loading with some specific Cu grains (grains labeled 1 to 7)
marked inside 3 different regions of interest (ROI 1 to 3) in both Cu layers. Each ROI contains 1
to 3 representative grains. ROI 1 is the Cu region directly under the loading area and the first Cu
layer in the stack closest to the initial ident. ROl 2 and ROI 3 are Cu regions in the subsequent
Cu layer further within the film. ROI 2 lays approximately above ROI 1 while ROI 3 is to the left
side of the ROI 2. The TEM bright field image before the cyclic load is shown in Fig. 7.1(a).
Three grains (#1, 2, 3) are mark in ROI 1 and the contrast of these three grains are generally
bright (not in a strongly diffracting condition). Three other grains (# 4, 5, 6) are marked in ROI
2. The contrast of grains 4 and 5 are bright whereas grain 6, which is a narrow grain laying above
these two grains is dark or strongly diffracting in this orientation. A relatively large grain, 7, is
shown in ROI 3 which has dark contrast. A red line has been included at the edge of the
multilayer-free surface and will be further used to analyze plastic deformation after cyclic

loading.
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After 20 cycles of loading were completed, the resulting microstructure was again
imaged and is shown in Fig. 7.1(b). Comparing with Fig. 7.1(a), the contrast of the grains in
ROI 1 became darker, especially for grain 3. In ROI 2, the grain size has noticeably changed,
particularly the spatial location of 6 dividing grains 4 and 5. In ROI 3, a portion of the contrast in
grain 7 appears to have changed and is now brighter color, which might indicate a formation of
substructures within grain 7 changing its local orientation (diffraction) condition [29, 30]. With
increased fatigue cycles from 20 to 5,000, a continuous evolution of the microstructure in the
three ROIs is apparent, Fig. 7.1(c) vs. Fig. 7.1(a) and (b). When comparing Fig. 7.1(c) with Fig.
7.1(b), grain 2 became darker in ROI 1. In ROI 2, grain 6 now has a distinct triangular shape
clearly dividing grains 4 and 6. Finally grain 7 in ROI 3 has a dull contrast throughout much of
its grain. Further increasing the loading cycles to 10,000, Fig. 1(d), more notable changes are
observed. The contrast of the grain 1 in ROI 1 is now grey, with all three grains in ROI
diffracting. The triangular shape of grain 6 in ROI 2 has widened to be more trapezoidal between
grains 4 and 5. And the contrast has continued to evolve for grain 7 in ROI 3. When the cyclic
loading increased to the 20,000 cycles, Fig. 7.1(e), the contrast of grains 1 and 2 in ROl 1 is
reduced relative to 10,000 cycles. Grain 6 in ROI 2 has penetrated fully between grains 3 and 5
and has a ‘dog-bone’ shape. In ROI 3, grain 7 continues to reveal little contrast. Finally, the
TEM bright field image taken after the cyclic loading is complete, with the indenter removed, is
shown in Fig. 7.1(f). The contrast of the grains in ROI 1 are now bright. Interestingly, grain 6 in
ROI 2 is reduced in size. And grain 7 in ROI 3 has several of the grains around it in a strongly
diffracting condition. We also note contrast changes within grain 7 suggesting the possibility of
the formation of subgrains or substructures. In this same image, the edge of the multilayer after

fatigue testing is now marked by a blue line. By overlapping the previous undeformed
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multilayer’s edge, the red line in Fig. 7.1(a), a modest permanent plastic deformation response is
evident in the uppermost amorphous layer of the multilayer to the free surface. This indicates
that plastic deformation has occurred during cyclic loading.

Overall observations from Fig. 7.1 includes clear contrast/shape changes of selected
grains occurred during cycling, with the contrast and shapes dependent on the number of cycles.
This would infer that grain rotation/grain shifting, dislocation accumulation and associated
mechanisms were active. Though the bright field images are useful, they do not necessarily
provide the clearest discernment of the evolution. To complement the bright field images, a
series of corresponding PED scans of the pre- (0 cycles) and post- loading (20,000 cycles) was

conducted and is shown in Fig. 7.2.

Pre-test Dynamic 20 cycles Dynamic 5,000 cycles
ROI 3 ROI 2 ROI 3 ROI 2 1200) ROI 2

B e Kl
“’ 6

ROI 1

Dynamic 10,000 cycles Dynamic 20,000 cycles Post-tested
ROI 3 ROI 2 ROI 3 | :00) ) ROI 3 ROI 2

P J AL i

ROI 1

Fig. 7.1. Selected bright field TEM image of Cu thick multilayer during fatigue test. Selected
bright field TEM image of 100 nm Cu/150 nm CussZrss multilayers at (a) pre-tested condition
(b) dynamic 20 cycles (c) dynamic 5,000 cycles (d) dynamic 10,000 cycles (e) dynamic 20,000
cycles () post-tested conditions. Red line and blue line were drawn at the edge of the multilayer
free surface at pre-test and post-tested conditions in (a) and (f).
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Fig. 7.2’s PED scans were done on the same area as the specific grains (grain 1 to 7) and
ROIs (ROI 1to 3) in Fig. 7.1. Fig. 7.2(a) and (b) are the grain orientation maps of the Cu layers
pre- and post- cyclic loading. The previous selected ROI 1, 2, and 3 are marked on each IPF
map. From these images, grain orientation changes are clearly apparent but also the grain shapes
are delineated from each other. In Fig. 7.2(c) and (d), the magnified grain orientation map (left)
and image quality (1Q) map with grain boundary lines overlaid (right) of ROI 1 before and after
fatigue testing is shown. The red grain boundaries are high angle grain boundaries (HAGBS) and
are defined with a misorientation > 15°. The blue boundaries are low angle grain boundaries
(LAGBs) with a misorientation < 15°. In Fig. 7.2(c), grains 1, 2 and 3 exhibit a near {212},
{100}, and {111} orientation, respectively. After the cyclic loading, grains 1 and 2 were rotated
to a near {101} and {301} orientation while grain 3 retained the same {111} orientation. Upon
closer investigation, grain 1 is clearly smaller and with several smaller grains observed, indicated
by the white arrows in Fig. 7.2(d). Even grain 2 has the emergence of new grains and the growth
of grains near it, indicated by the dashed arrows, compare Fig. 7.2(c) and (d). The nucleation of
new, smaller grains might indicate strain induced grain refinement [31]. Most of the grain
boundaries in ROI in pre- and post- loading are HAGBs.

In Fig. 7.2(e), grains 4, 5 and 6 are from ROI 2 the grain orientation map (left) and 1Q
map (right) with the grain boundaries overlaid is shown. Grains 4 and 5 have an orientation near
{315} while grain 6 is near {101}. Similar to ROI 1, most of the grain boundaries of grains 4, 5,
and 6 are HAGBs. A notable exception is the LAGB on either side (left and right) of grain 5.
This boundary is relatively long and straight. Fig. 7.2(f) shows the grain orientation map and 1Q
maps of ROI 2 after cyclic loading. Grains 4 and 5 have now appeared to combine. The previous

{112} grain that abutted grain 5 (pink colored grain in Fig. 7.2(e)) is also absent. We designate
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this new (larger grain) as 4°. Looking closer at grain 6 in Fig. 7.2(e), we note that is a narrow
region of the grain separates grains 4 and 5. After cyclic loading, grain 6 is now physically
separated and no longer has a narrow length between the former grains 4 and 5 because of the
growth of grains 4 and 5 into one large grain, 4’. Grain 6 is now labeled as 6a and 6g in Fig.
7.2(f). The orientations of 6a and 6g is approximately {212} and {101} orientation respectively.
Interestingly, a portion of the LAGB between grains 4 and 5 is retained as a LAGB between
grains 4’ and 6g.

Fig. 7.2(g) and (h) are the grain orientation map and 1Q maps of ROI 3 pre- and post-
fatigue testing. In Fig. 7.2(g), grain 7 was a relatively large grain with a near {211} orientation
with HAGBs surrounding it. After cyclic loading, grain 7 appears to have been broken up into a
series of smaller grains that have an orientation near {101} with the central core of grain 7 still
retaining a near {211} orientation. In Fig. 7.2(h), this core region is still labeled as 7 while the
smaller grains around it are labeled 7°. These smaller grains are a collection of both HAGBs and

LAGB:s.
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Fig. 7.2. PED analysis of Cu thick multilayer pre- and post-fatigue. (a) Grain orientation map of
100 nm Cu/150 nm CuassZrss multilayers pre-tested with three ROIs selected. (b) Grain
orientation map of 100 nm Cu/150 nm CussZrss multilayers post-tested with three ROIs selected.
(c) Magnified grain orientation map (left) and 1Q map (right) of pre-tested ROI 1. (d) Magnified
grain orientation map (left) and 1Q map (right) of post-tested ROI 1. () Magnified grain
orientation map (left) and 1Q map (right) of pre-tested ROI 2. (f) Magnified grain orientation
map (left) and 1Q map (right) of post-tested ROI 2. (g) Magnified grain orientation map (left)
and 1Q map (right) of pre-tested ROI 3. (h) Magnified grain orientation map (left) and 1Q map
(right) of post-tested ROI 3. In 1Q maps, red grain boundaries are HAGBSs with

misorientation >15° and blue grain boundaries are LAGBs with misorientation <15°.

7.4.2 Nanolaminate response with the 50 nm Cu/150 nm CuassZrss composite

Fig. 7.3 are the TEM bright field images of the 50 nm Cu/ 150 nm CussZrss multilayer
before, during, and after fatigue testing. Three ROIs are selected in both Cu layers and the
contrast changes within each ROI during the fatigue test are reported. In ROI 1 of Fig. 7.3 is the
region in the Cu layer closest to the free surface and directly under the load. ROI 2 is in the same

Cu layer and is to the left side of the direct loading region. ROI 3 is in the second Cu layer that is
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further in the stack is near the direct loading direction. Because of the fine grain size of this Cu
thin multilayers (~ 25 nm) because of its reduced thickness, it was harder to clearly distinguish
each individual grain by the TEM bight field images. Clear grain size discussion will be
developed from the PED results. In Fig. 7.3(a), all three ROIs show some amount of small
crystallites or grains evident by the sporadic dark contrast evident in the Cu layer. As before, a
red line was drawn at the edge of the multilayer to help identify the plastic deformation in the
sample at the completion of the test. Fig. 7.3(b) is the multilayer after 20 cycles. No striking dark
contrast is apparent in ROI 1. In ROI 2 the two previous diffracting grains (dark contrast) appear
to have merged as a single, diffracting contrast grain. And, in ROI 3, the previous single
diffracting grain in Fig. 7.3(a) appears to have increased in size, Fig. 7.3(b). Increasing the
fatigue cycles to 5,000 (Fig. 7.3(c)), 10,000 (Fig. 7.3(d)) and 20,000 (Fig. 7.3(e)), the contrast in
the three ROIs continue evolve with new grains coming and out of diffraction creating the
observed changes in contrast. After unloading after 20,000 cycles, Fig. 7.3(f), the contrast in the
ROIs appear to be rather similar to those at the start of loading Fig. 7.3(a). However, the amount
of plastic deformation post cycling is clearly apparent. In Fig. 7.3(f), the blue line, which is
drawn post indenting, outlines a crater in the top most amorphous layer.

Like the 100 nm individually thick Cu layer multilayer, the 50 nm thick Cu layer
multilayer exhibited contrast changes during cycling suggesting an evolving structure. However,
the small scale of these features where even more difficult to ascertain their evolution. The use
PED, which reconstructs the images based on the diffraction pattern, would provide for a clearer
interpretation of the multilayer structure. Fig. 7.4 are the PED results showing both overall grain

orientation colored maps and the three ROIs’ grain orientation and I1Q maps pre- and post-

155



fatigue testing of the 50 nm Cu / 150 nm CussZrss multilayer. The scanned area was the same

area as shown in Fig. 7.3.

Pre-test Dynamic 20 cycles Dynamic 5,000 cycles

ROI 3 ROI 3 ROI 3

L] L] L]

ROI 2 ROI 1 :30) ] ROI 1 ROI 2 ROI 1

DD ) -IZI MEII:I

Dynamic 10,000 cycles 3 Dynamic 20,000 cycles Post-tested
ROI 3 ROI 3 ROI 3
ROIZ  ROI1 ROI2  ROI1 ROIZ  ROI1
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Fig. 7.3. Selected bright field TEM image of Cu thin multilayer during fatigue test. Selected
bright field TEM image of 50 nm Cu/150 nm CussZrss multilayers at (a) pre-tested condition (b)
dynamic 20 cycles (c) dynamic 5,000 cycles (d) dynamic 10,000 cycles (e) dynamic 20,000
cycles (f) post-tested conditions. Red line and blue line were drawn at the edge of the multilayer
free surface at pre-test and post-tested conditions in (a) and (f).

Comparing the grain orientation maps of Fig. 7.4(a) (pre-) and (b) (post-) cycling loading

test does not generate an obvious or glaring change in the crystalline orientation. The grain size
is small with a mix of orientations. However, closer magnified images from the ROIs do show
some interesting grain evolution. Fig. 7.4(c) and (d) are the magnified grain orientation map
(left) and image quality (1Q) map (right) of ROI 1 pre- and post- testing respectively. In Fig.
7.4(c), grain 1, grain 24, 28, and 2¢ along with grain 3 are identified. Grains 1 and 3 both have a
near {102} orientation while grain 2a.c have a near {103} orientation. LAGB is present between
grain 2a and 2g, with the same boundary separating grain 2a and 3. All other boundaries were
identified as HAGBs. After 20,000 cycles, the previous grain 1 is now separated into two grains

labeled grain 1a and grain 1g with a HAGB delineating them, Fig. 7.4(d). No obvious grain
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rotation was noted when comparing the texture of these two grains, which was the same texture
for grain 1 prior to loading, i.e. {201}. The collection of grain 2’s in Fig. 7.4(c) have shown a
marked change in shape, size, and orientation. Grain 2 has evolved from cylinder-like shape,
Fig. 7.4(c), to a circular-like shape, Fig. 7.4(d), with a modest orientation change. Grains 2g and
2¢, Fig. 7.4(c), have now combined to form a single larger grain, labeled grain 2 in Fig. 7.4(d),
with an orientation change from {103} to {100}. Interestingly, it now delineates itself from
grains 2a and 3 with a LAGB. Grain 3 appeared to retain its shape but did experience a modest
rotation from {102} to {104} after cyclic loading.

Fig. 7.4(e) and (f) are the grain orientation and 1Q maps of ROI 2 pre- and post- cyclic
loading. Grains 4, 5, 6, and 7 are marked in each map. The orientation of grains 4-7 and the
shape of grains 4-6 appeared to have been conserved, with the majority of the grain boundaries
being HAGBs. This may be a result of these grains being further away and not directly aligned
with the direct indent. However, grain 7 does show some growth into grain 6, i.e. compare Fig.
7.4(e) and (f). The grain boundary that separated these two grains was a LAGB and has been
retained, albeit the relative orientation has followed the migration of grain 7 into grain 6. This
grain movement potentially supports that strain induced grain shearing/grain boundary mitigation
has occurred even though these grains are not directly aligned to the loading indenter.

ROI 3 for the 50 nm Cu / 150 nm CuassZrss multilayer is shown in Fig. 7.4(e) and (f) with
grains 8 and 9 marked. Recall this ROl is in the second Cu layer in the stack and close to the
indent region. In Fig. 7.4(e), both grains 8 and 9 have a near {112} orientation with HAGBS
delineating them from each other and the grains around them. After 20k cycles, grain 8 has
retained the same orientation and general shape but has grown. Grain 9 is considerably smaller

and a new grain, labeled 94, nucleated and split grains 8 and 9 from each other. This grain 9a
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does not appear to be a previous grain, as the two grains (mint green color) that resided above
grain 9 in Fig. 7.4(qg) are still present in Fig. 7.4(h). The orientation of this new grain, 9a, is the
same as these two grains too, i.e. near {101}. All of these grains show are separated from each

other with HAGB:s.

(a) Pre-tested (b) Post-tested

ROI'1
byatas e e R LpWa;
Edasfrimamre

100 nm

(c) ROI 1 (d) ROI 1

Fig. 7.4. PED analysis of Cu thin multilayer pre- and post-fatigue. (a) Grain orientation map of
50 nm Cu/150 nm CuassZrss multilayers pre-tested with three ROIs selected. (b) Grain orientation
of 50 nm Cu/150 nm CussZrss multilayers post-tested with three ROIs selected. (c) Magnified
grain orientation map (left) and 1Q map (right) of pre-tested ROI 1. (d) Magnified grain
orientation map (left) and 1Q map (right) of post-tested ROI 1. (e) Magnified grain orientation
map (left) and 1Q map (right) of pre-tested ROI 2. (f) Magnified grain orientation map (left) and
IQ map (right) of post-tested ROI 2. (g) Magnified grain orientation map (left) and 1Q map
(right) of pre-tested ROI 3. (h) Magnified grain orientation map (left) and 1Q map (right) of post-
tested ROI 3. In 1Q maps, red grain boundaries are HAGBs with misorientation >15° and blue
grain boundaries are LAGBs with misorientation <15°.
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7.5 Discussion

Fig. 7.5(a) and (b) are the inverse pole figure (IPF) texture maps for the total number of
grains in each of the layers for the pre-deformed thick (100 nm) Cu and thin (50 nm) Cu
nanolaminates. For the thicker Cu multilayer, a strong {211} texture with weaker {111}, {103},
and near {101} textures are observed; in comparison, the thinner Cu multilayer shows a strong
{100} texture and weaker {211} and {101} orientations. After fatigue testing, thick Cu sample
exhibited a noticeable texture change with the prior {211} dominate texture evolving to a {100}
and {103} texture, Fig. 7.5(c). The previous {211} is noticeably weaker and the {111} texture is
absent. Interestingly, the near {101} texture response has increased after cycling as well. This
global texture evolution of the thicker Cu multilayer does confirm that the Cu layers have
undergone some grain rotation. In contrast, the thinner Cu sample is more robust with cyclic
loading. The only notable texture change is a modest increase in the near {101} texture with
cyclic loading, Fig. 7.5(d). This modest texture development suggests the absence of the overall
grain rotation.

The grain size of the thick Cu thick and thin Cu nanolaminates pre- and post- fatigue
testing are plotted in Fig. 7.5(e) and (f). The thicker Cu nanolaminate mean grain size pre- and
post- testing is 42 = 14 nm and 38 * 13 nm, respectively. Though the mean size has been slightly
reduced (and we are analyzing the same area), the change is within the standard deviation.
Furthermore, the grain size distribution is about the same, with the pre-tested sample showing a
notable larger grain size for the 50 nm and 60 nm binned sizes, Fig. 7.5(e). Similarly, the grain
size histogram for the thinner Cu film is shown in Fig. 7.5(f) with a pre- and post- mean grain
size of 22 + 8 nm and 23 £ 8 nm, respectively. Here the mean sizes are nearly identical; however,

the distribution of the grain sizes are strikingly different. For the pre-tested condition, there is a
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higher number of grains binned at 18 nm, 20 nm, and 22 nm bin sizes whereas post-testing, there
IS a significant increase in the larger grain sizes binned at 25 nm, 33 nm, 38 nm, and 44 nm, Fig.
7.5(f). Thus, only considering the mean sizes is somewhat misleading to the changes in the grain
sizes after cyclic loading, particularly since these scans are taken from the same region.

From Fig. 7.5, it is apparent that the response of the Cu layers is different and dependent
on the thickness of the Cu layer. We will first consider the thicker Cu nanolaminate. Here, the
grain sizes are ~ 40 nm and did not experience a significant change in the overall size between
the pre and post cyclic loading states. Furthermore, the size distribution remained relatively
similar. Though the initial and final grain sizes showed this behavior, the images captured of the
grains during cycling do reveal dynamic granular behavior. Moreover, the final textures between
the pre- and post- conditions have evolved.

One of the most striking examples of this texture change was the grain evolution of grain
6 in ROI 2, Fig. 7.1. Initially, it was largely a thin columnar boundary that separated two grains,
4 and 5. As the cyclic loading increased, grain 6 widened from the top of the crystalline layers.
Interestingly, upon ceasing loading, this grain appeared (at least from the bright field image) to
return to its near initial pre-load structure, Fig. 7.1(f). However, this type of diffraction based
contrast can be somewhat misleading. The PED scan, Fig. 7.2(f), clearly shows the permanent
change, with grains 4 and 5 now merged together with a notable texture change from the initial
grains, i.e. compare Fig. 7.2(e) to (f). This type of texture change was evident in the other grains
as well. For example grains 1 and 2 in ROI 1 retained their relative shape between the beginning
and end of the test, but the texture was clearly changed. One could infer that behavior from the
changing diffraction contrast of these grains during the cycling, Fig. 7.1, but the PED scans of

Fig. 7.2(c) and (d) quantify that effect. What is driving this mechanism is likely associated with
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the small size of these grains. In such limited volumes, dislocation glide would be difficult.
However, dislocation generation at grain boundaries and have been reported to assist plastic
deformation via grain rotation and grain boundary migration [32-36]. The clear quantification of
these two effects have been noted and would suggest that this is how the crystalline phase, at
least, accommodated the cyclic loading and this grain rotation (texture evolution) likely being the
dominate by the notable change in the overall texture of this thicker Cu film, i.e. compare the

IPFs of Fig. 7.5(a) and (c).
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Fig. 7.5. Texture and grain size analysis of the Cu thick and Cu thin multilayers. IPF texture
maps of (a) 100 nm Cu/150 nm CuassZrss multilayers pre-test (b) 50 nm Cu/150 nm CussZrss
multilayers pre-test (c) 100 nm Cu/150 nm CussZrss multilayers post-tested (d) 50 nm Cu/150
nm CussZrss multilayers post-test. (e) The pre- and post- tested grain size histogram of 100 nm
Cu/150 nm CussZrss multilayers. (f) The pre- and post- tested grain size histogram of 50 nm
Cu/150 nm CussZrss multilayers.
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Though grain rotation appears to be the dominate deformation mechanisms, it is
interesting to note the slight reduction in the mean grain size for Cu. Returning to grain 7 in ROI
3 of Fig. 7.2(g) and (h), it retained its texture but was reduced in size. Such an effect would help
explain why the mean size was being reduced. In this particular to this case, grain 7 appeared to
be consumed by the nucleation of smaller {101} textured grains around it, which would explain
the size reduction and the evident evolution of texture.

For the thin Cu nanolaminate sample, the average grain size was ~ 20 nm which is
approximately half of the thicker Cu layered film above. Even though these Cu grains were
changing their diffraction contrast through the cycling, the PED data of Fig. 7.5(b) and (e)
clearly demonstrate that the overall texture did not evolve and grain rotation may not necessarily
be the dominate mechanism of accommodating cyclic deformation. This is not to state grain
rotation was not occurring. It is clear from ROI 1 grain 2 in Fig. 7.5(c) and (d) that such behavior
was present. However, in many more of the specific examples in the ROI’s, the grain boundary
migration was noted. This would be in agreement with the overall grain size behavior. As noted,
the mean values did not change, but it is apparent from the histogram that the grain size
distribution did change, with a higher fraction of larger grain sizes post-testing.

Again, consider grain 2 in ROI 1 for the thinner Cu nanolaminate. Pre-testing, grain 2
was subdivided into 24, 28, and 2¢ whereas post-testing, grains 2g and 2c merged into one large
grain, Fig. 7.4(d). Grain 2a retained its initial texture suggesting grain boundary sliding during
the fatigue test. Interestingly, grains 4-6 in ROl 2 appear relatively invariant to the deformation;
however, grain 7 retains it same texture - {103} - but migrates to a different shape, i.e. compare
Fig. 7.5(e) and (). It appears that this grain has slide into this new position in the

microstructure. To accommodate this movement, the grains directly above grain 6, indicated by
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the dashed arrow in Fig. 7.5(e) and (f), have had their boundary curvature between them become
more linear and one of the two grains changing its texture from orange to green. Such kind of
grain sliding appears to provide the necessary plastic deformation response among the Cu layers
without any severe internal deformation to the grains [37]. Since the majority of quantified grain
boundaries were HAGBsS, these would have sufficient free volume to accommodate this behavior
as well. Similar grain sliding phenomena has also been observed in the deformation of materials
but under high temperature creep conditions [38]. The even smaller grain sizes here (as
compared to the thick Cu nanolaminates) would be that much more difficult for plastic
deformation (slip) to be accommodated within these smaller finite volume. At this length scale,
the Cu grains, under cyclic loading, appear more susceptible to grain boundary migration
mechanisms and sliding, evident in how the grain size distribution changed and the evolution of
the grains themselves, then global grain rotation (texture evolution), evident by the static IPF
distributions as seen in the prior thicker Cu nanolaminates. This would suggest a transition in the
denominate deformation mechanism between 40 nm to 20 nm in equiaxed grain sizes for Cu
confined between two glassy metals.

When considering the deformation effects of the amorphous CuassZrss layers, PED is not
able to provide significant quantification because of the lack of crystalline diffraction. But, like
the different crystalline layer thicknesses, the glassy phase deformation was a function of the
crystalline Cu layer thickness evident by the different indentation crater created post-cyclic
loading, Fig. 7.1(f) and Fig. 7.2(f). The very modest plastic deformation crater for the thicker Cu
nanolaminate would suggest that fewer STZs were triggered during cyclic loading and the
amorphous layers were under more of an elastic deformation behavior. This is attributed to the

higher Young’s modulus of amorphous CussZrss as compared to that of the 100 nm thick Cu
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layers [5, 6, 39]. The ‘soft” nanocrystalline Cu layer were inserted in the middle of the ‘hard’
glassy layers which absorbed the stress modulation during the fatigue test. Even though there
was some stress/strain localization near the indenter contacted area, the stress was more
homogenously distributed through the elastically deformed glassy CuasZrss layers. The thicker
Cu film then appears to more readily accommodate the plastic deformation during the fatigue
test.

In the case of the thinner 50 nm Cu / 150 nm CussZrss this response has changed. Here,
significant plastic deformation has occurred in the glassy layer evident by its deep crater, Fig.
7.3(f). By reducing the Cu layer thickness from 100 nm to 50 nm, the yield stress of the Cu layer
increased and would be on par with the glassy CussZrss [5, 6, 39, 40]. Consequently, the plastic
deformation accommodation is no longer significantly retained in the Cu layers but the CussZrss
phase must also carry a higher fraction of the deformation creating a co-deformation condition.
Though we did not see clear shear banding through the Cu layers with these cyclic loads (as seen
in single indent experiments at higher loads [16, 41], the lack of a global texture change for the
thin Cu as compared to the thick Cu, Fig. 7.5(a)-(d), does indicate that the Cu is no longer
behaving in a manner that was noted above. The formation of STZs would then intersect the
crystalline/amorphous interface creating a condition of two ‘hard materials.” As the stress/strain
accumulation occurred during the fatigue test, the STZs continue contact with the crystalline
phase placed a sufficient driving force that appeared to help trigger grain boundary migration and
sliding. These types of experimental observations would be consistent with other authors’

simulated and experimental findings [15, 19, 42].
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7.6 Summary

In present study, the cyclic deformation responses in a nanocrystalline/amorphous
Cu/CussZrss nanolaminate compounds were investigated, where the Cu layer thickness was
either 100 nm or 50 nm and the CussZrss remained fixed at 150 nm. In both Cu layers, the grains
were equiaxed but with mean grain sizes of ~ 40 nm and ~ 20 nm respectively. In situ (high
cycle) fatigue tests up to 20,000 cycles were performed inside the TEM with real-time
microstructure evolution behavior captured. Using PED mapping, the grain orientation, grain
size, and grain boundary types were recorded.

For the thicker (100 nm) Cu nanolaminates, the global texture of the film was seen to
evolve from a dominate {211} to {100}-{201}. The mean grain size and grain size distribution
remained relatively equivalent between the pre- and post- PED analysis. During the cycling,
evolution of the grains, such as this grain rotation, was evident by the changing diffraction
contrast of these grains throughout the experiment. Coupling the PED to the analysis has
provided a level of quantification of this behavior which could only be inferred from prior bright
field images. The glassy film, which was at the surface revealed a modest plastic crater after
cyclic loading. The thicker Cu film, with a lower Young’s modulus than the amorphous phase,
was able to accommodate the deformation and reduce the number of STZs in the glassy phase.

Decreasing the Cu layer thickness to 50 nm in the nanolaminate, the dominate
deformation mechanism in the Cu layer changed. Here, no global change in the texture was
noted between the pre- and post- cyclic load conditions. Though the mean grain size was nearly
equivalent between these two load states, the distribution of the grain sizes was different, with
larger grains observed after cyclic loading. This suggests that the smaller grain sizes and thinner

Cu thickness responds to the deformation by grain boundary migration with limited grain
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rotation. The lack of evident plasticity in the Cu grains themselves (for either thickness) is
believed to be from the finite small volume making glide difficult. With the smaller Cu grain
size, the yield stress of the crystalline Cu and the amorphous CussZrss are large and nearly
equivalent causing the glassy phase to nucleate and propagated more STZs. This resulted in a
clear plastic deformed crater in the glassy phase, which was the film at the surface and was in
direct contact with the indenter tip. The propagation of the STZs to the amorphous-crystalline
interfaces is believed to have assisted in the boundary migration noted in the Cu film.
Between these two nanolaminates, a clear length scale dependence on the deformation
mechanism in the crystalline layer is apparent under cyclic loading. At grain sizes of ~ 40 nm,
grain rotation and texture evolution occurs whereas at grain sizes of ~ 20 nm, grain boundary
migration and sliding appear to dominate. The use of PED coupled with in situ (high) cycle
fatigue has assisted in linking the property response to the structural evolution in nanoscale

composite crystalline-amorphous materials.
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CHAPTER 8

CONCLUSION AND FUTURE WORK

Phase and deformation stabilities of nanocrystalline and crystalline/amorphous compound
have been studied for decades [1-10]. The current research has selected the multilayered thin
films as the key structure due to the tunable individual layer thickness. By reducing layer
thickness, both interfacial structure and chemical intermixing will be controlled further inducing
metastable phase formation or even vitrification [3, 4, 9, 10]. For the phase stability study, a
thermodynamics model has been established and then improved by considering strain effects
from interfaces [1, 6]. The phase stability diagram can be then drawn with the help of diffraction
technique. Recently, a laser interferometry technique was developed, and the intrinsic growth
stress of the multilayers are able to be measured during deposition [11, 12]. By incorporating this
growth stress with the crystalline symmetries, the structural and chemical information at the
interfaces, the phase stability mechanisms can then be understood, which can be used to
predicting phase stability of other multilayer systems in nanoscale.

Changing the layer thickness will change not only phase, but also deformation stability
[13]. In addition, vitrification is noted during phase transformation, and many researches have
been focused on improving the ductility of the metallic glasses by inserting a crystalline phase.
To achieve a statistic study of the microstructural changes during indentation, the correlated in
situ TEM indentation-PED technique has been developed and first applied on a single phase thin

film [14]. The PED can provide a quantitative grain size, grain orientation, and texture
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information that cannot be acquired from normal TEM technique [15-18]. Then this technique is
applied on the crystalline/amorphous multilayers, with grain rotation, grain growth, as well as
grain sliding proved by comparing pre- and post- tested PED scans. Such responses can be
explained by grain boundaries based plasticity in nanocrystalline and C/A interface acting as
defect sink. Finally, the cyclic loading response has been detected in situ combined with PED
technique. Decreasing crystalline phase spacing can introduce a smaller grain size in crystalline
layer, which provides a more stable fatigue response by dominant grain boundary migration
instead of grain rotation. A more detailed conclusion is as follow:

1. For the phase stability study, we choose Cu/Nb and Cu/V as the key study materials.
Nb and V are two bcc template which have different lattice constant and adatom mobility. Such
differences will then cause a different growth stress level and growth stress direction
(compressive or tensile) when sputter with Cu. Cu/Nb has a much higher compressive growth
stress in absolute value comparing to Cu/V, which has a much lower tensile stress. By decreasing
individual layer thickness, the intrinsic growth stresses also become more compressive and the
interfacial structural evolution has been analyzed by HR-TEM, showing a semi-coherent to
coherent transition with metastable phase (bcc Cu, fcc Nb in Cu/Nb and bce Cu in Cu/V)
formation. Such interfacial structure changes will certainly reduce the interfacial energy, which
will then drive the metastable phase formation. Such interfacial structure and phase changes can
also result a recovery of the growth stress for both multilayers. By utilizing ATP, more severe
intermixing across interfaces of both multilayers are detected when reducing layer thickness,
which will lower the volumetric Gibbs free energy of the metastable phase and promote the
phase transformation. One of the largest difference between these two systems is that Cu/Nb has

an additional amorphous phase formation while Cu/V does not. Such different can be explained
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by the different chemical modulation across the interfaces when individual layer thickness is
around 0.5 nm or less.

2. For the deformation stability study, both single crystalline Cu film and C/A
Cu/CussZrss multilayers have been studied. When only Cu film is deposited on the substrate, the
grain size is relatively large (hundreds nanometers to several microns), and can easily be plastic
deformed by forming GNDs, grain rotation and localization bending. By inserting Cu films
between two amorphous CussZrss films, its grain size is much smaller (average grain size from
20 to 40 nm). Indentation responses have been studied by load-displacement curves, bright field
images, and PED mappings. When indentation the C/A multilayers with different Cu layer
spacing, the plastic deformation mainly occurred in Cu layers, even though the mechanisms are
different, resulting a much higher strength of the Cu thin multilayers during indentation. Such
different indentation responses can be attributed to the grain size effects. In the Cu thick
Cu/CussZrss multilayer, grain rotation, grain migration dominated plastic deformation is
observed in the larger Cu grains among Cu layers. While in the Cu thin multilayer, even though
grain rotation and grain migration still present, the dominant plastic deformation is grain
(boundary) sliding in Cu layers. The thinner Cu layer are better at absorbing potential shear
bending and some intrinsic elastic recovery have been observed in the Cu layers. Furthermore,
the cyclic loading has been applied to the Cu/CuasZrss multilayers. By altering the Cu layer
thickness, different cyclic loading responses have been recorded. For the thicker Cu multilayer,
grain rotation and texture evolution have been observed during high cycle fatigue while in Cu
thin multilayer, grain boundary migration and grain sliding are shown during cyclic with same

testing parameter.
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After the study of phase and deformation stability of metallic multilayers, I would
expected some possible directions to study as future work:

1. The role of phase stability of deformation properties of Cu/Nb and Cu/V multilayers

We have proved that phase transformation will occur when reducing layer thickness in
Cu/Nb and Cu/V systems. And many other researchers have discussed about the length scale
dependent deformation mechanisms in metallic multilayer systems such as Cu/Nb. However, to
the best of the author’s knowledge, the phase stability’s effect on deformation properties of the
fce/bee multilayers has not been studied. Interfacial structural and chemical changes during
phase transformation will play an important role on the deformation response. In addition, the
stresses in the film will also have some effects on both phase and deformation stability. It would
be really interesting to do a series of nanoindentation tests on the multilayers from the different
regions of the phase stability diagram.

2. Phase stability study of Cu/CuZr C/A multilayers

The phase stability of crystalline/crystalline multilayers have been widely studied. It
would be interesting to study the phase stability response of the Cu and CuZr phase in the C/A
multilayers when reducing the layer thickness. Also, the intrinsic growth stress should be
different than the crystalline/crystalline multilayers due to the lack of orientation relationships at
C/A interfaces. In addition, different sputtering parameter will produce different intermixing
level at the interfaces, which can promote the phase transformation in this C/A multilayers.

3. Developing a new correlated in situ TEM-PED-APT technique.

When the thin foil is deformed inside TEM, it is not hard to imagine that nanoindentation
will cause some amount of intermixing at the interfaces. However, the trustworthy chemical

information with higher resolution at the C/A interfaces is hard to achieve. By developing a
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correlated in situ TEM-PED-APT technique, the chemical information can be acquired by APT.
The biggest challenge is how to remove the specific region from the deformed to the apt coupon
with limited damage. Indentation will also cause some nanoscale crack in the sample. During

running APT, how to avoid tip fracture will be another problem.
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APPENDICES

Appendix A. In situ TEM mechanical test steps for P195

1. Sample mounting:

Two biggest problem are sample position and contamination.

For sample position, Si wedge should be mounted in the center of Cu stub. Off-wedges
should be mounted on the MEMS heater with wedge on the silver side. PTP device should be
mounted to its own Cu stub with the pit region facing up. Noted that Tecnai have a Z range ~
300 um, any off during mounting the sample may cause the testing area off the eucentric
position.

In terms of glue, it needs to be stiff and vacuum compatible. Consider the possible
changing issue, Ag epoxy is the best choice. Also, it is not good to use some glue which dries too
fast, it is hard to adjust the sample.

2. Indentation tip mounting:

Before mounting, please check the tip and see if it is free moving or not. If yes, the tip is
broken and cannot be used any more. Also be careful of shearing the shaft; it is much more
tolerant to forces along the indentation axis.

3. Transducer checks and calibration:

Run air indent calibration in air first. If it is damaged, there is no need to waste time on
the air lock cycle. It is not recommended to tilt the P195 stage in TEM. But if do so, please check

the air indent again. The good calibration should look like the following figure.
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Then doing the displacement control calibration by comparing the programed
displacement with the observed displacement. Put both value in the Triboscan program. Then
check again until these two value matched. Usually take 2 to 3 time for an uncalibrated tip.

For the noise, basically two source, mechanical and electrical. By taping the cables to the
TEM would help to remove some of the mechanical noise. Make sure the cable tension is tight
enough not to sway side to side. Working at night also helps.

4. Align tip with sample:

It is the one of the most challenging step taking a long time. So the first skill is being
patient. Before one put P195 in TEM, brief align the sample with the tip by naked eye. Once in
TEM, we can first change X (microscope Y, the indentation) and Y (microscope Z, sample
height direction) by the nob on the side of stage. Once it is closed, we can adjust them via
software. Do not be too aggressive when the tip is out of current TEM scope. Once sample and

tip can be observed at same time, rough alignment is done.
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Then align the sample first as normal TEM procedure. Then click the wobbler button.
Sample should be stable and the tip should be vibrated. Adjust the indenter Y to make tip stable.
Now it is really close. Unclick the wobbler. From here, getting the tip perfectly aligned to the
sample is non-trivial. The easiest way and most common way is to scrape the sample , have a
small overlap and then slowly changing indenter Y and Z until perfect align.

5. Build load function:

There are three modes. Open-loop is not actually for a test, it is designed for a calibration.
Load control is usually more stable, but might turn to crazy when the tip and sample is off.
Displacement control mode can offer a better resolution for evens in load-displacement curves,
but less stable. Tuning is always needed before testing. Following figure is the advanced tuning
window. Once the blue and red line overlap with each other, tuning is done. FEI based P1 95 is
relatively stable, which do not necessary need tuning a lot. Q-control is a separate stabilization
gain design to combat noise. It might cause tip to ring out of control if it is too high. Again, FEI

based P1 95 system is stable and do not need a Q-control during alignment or test.
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6. Specific loading options:

For nanoDMA, do indentation calibration first, then to DMA calibration. The mass
should be in the range of 0.5 — 1.0 mg and damping be smaller than 1x10“kg/s.

For 2D scratch test, do basic calibration in indentation and lateral axis.

For in situ heating element, do not put too much glue on it. Always check the connection
before putting in TEM.

7. During and after test:

During the test, if the alignment is off, right click the curves to stop the test. After the
test, remember to save the video. Once indentation is done, retract the tip and power off the
stage.

8. Tip cleaning:

Hysitron people mentioned clean the tip outside the TEM, which is not recommended.
The tip can be cleaned in situ by wiping debris off the tip. Find a ledge or corner of the sample
and move the tip accordingly. Please be very careful, because such process might introduce more

dirt into the tip.

Appendix B. PED ambiguity clean-up
Steps to clean the ambiguity artifact:
1. Create the diffraction bank by DiffGen V2.
2. Run INDEX V2 in a standard way.
3. Launch the *.res file with MapViewer V2.
4. Open ‘Ambiguity resolver’.

5. After setting up the clean-up levels, press ‘Resolve all map’. Then update map.
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